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ABSTRACT 
 
The principal contribution of this Ph.D. research is to explore the chemical interactions of 
co-reactants with the film growth surface during low temperature chemical vapor deposition.  
Ammonia emerges as a particularly important additive because of: (i) the ability of catalytically 
active surfaces to dissociate NH3, which supplies H and N atoms to the growth reaction; (ii) the 
requirement for NHx species to drive precursor transamination pathways; and (iii) the ability of 
ammonia to bind with acidic OH groups on oxide surfaces, which completely extinguishes film 
nucleation and affords a new and effective method for area-selective film growth. In addition, we 
demonstrate the use of C alloying to improve the tribological properties of HfB2 hard coatings, as 
well as a new route to achieve atomic layer etching of metals. 
The conformal deposition of highly conductive or superconductive transition metal 
nitride thin films is technologically important for a wide range of applications. For early 
transition metal nitrides, reaction of dialkylamido precursors and ammonia follow the 
transamination reaction pathway for the removal of ligands. However, insufficient ammonia 
decomposition on surface leads to ligand incorporation in film and a high electrical resistivity. In 
this work, I identify an important mechanism that affords growth of high quality VN films by 
CVD: the VN surface is catalytic for ammonia decomposition, hence, NHx groups are generated 
efficiently, which drives transamination to completion at low temperatures. I also extend this 
idea to low temperature growth of superconductive molybdenum carbonitrides from metal-
carbonyl precursor and ammonia. 
In the second part, I show how co-reactants can selectively passivate CVD reactions and 
result in area-selective deposition. Many nanoscale electronic devices are fabricated using a top-
down approach involving blanket film deposition, patterning, and etching steps. However, as 
feature sizes shrink toward 10 nm, pattern registry becomes very difficult. A bottom-up solution 
is area selective deposition (ASD), in which a thin metallic film grows selectively on metal but 
not on dielectric surfaces. In CVD or ALD processes, selective growth occurs when film 
nucleation is inherently difficult on the oxide surface, or when a surface is rendered passive by 
chemical termination or by the deposition of a dense self-assembled monolayer.   
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However, the limit of selectivity is determined by the onset of nucleation on the intended 
non-growth surface, which may be associated with defects in the inherent chemical properties or 
in the passivation treatments. A robust ASD process must ensure that no nucleation occurs on the 
oxide over the total time needed to deposit the desired film thickness on the metal. 
Here, I show that this can be accomplished by continuously injecting a neutral molecule 
inhibitor along with the precursor, which reduces the nucleation rate on oxide to values near 
zero. For the CVD of copper from the precursor Cu(hfac)VTMS, we demonstrate that the 
magnitude of the rate inhibition by VTMS is much larger on other surfaces and can be used to 
afford essentially perfect selectivity: there is rapid growth of Cu on RuO2 but essentially no 
growth on thermal SiO2 or porous, carbon-doped SiO2 (CDO). We explain the mechanism by 
which selectivity is achieved: on dielectric surfaces, VTMS associatively desorbs Cu(hfac) 
intermediates, which shuts down nucleation, whereas Cu growth proceeds on metal surfaces 
because the growth rate from the disproportionation reaction is kinetically faster than the 
desorption rate. 
I also report a second approach to completely suppress film growth on oxide surfaces 
during CVD of MoCxNy, Fe, and Ru from metal carbonyl precursors of Mo(CO)6, Fe(CO)5, and 
Ru3(CO)12: we inject NH3, a strong Lewis base, along with the precursor. We show that the use 
of NH3 completely eliminates the nucleation of metal on oxide surfaces for the 1-2 hour duration 
of the experiments performed. At the same time, film nucleation and growth occur readily on 
metallic seed layers of Ti or VN despite the presence of NH3 in the feed gas, i.e., the approach 
affords perfect selectivity. We interpret our results in the context of catalysis studies, which 
report the average oxide surface charge (acidity) and the existence of inhibitor adsorption sites 
with various desorption energies.   
I also report that in hard coating and tribology applications, alloying carbon in HfB2 films 
decreases the coefficient of sliding friction to 0.05, while maintaining high hardness and elastic 
modulus. Thin films of HfBxCy with carbon contents of 5–35 at.% are deposited at temperatures 
of 250–600 °C using a halogen free precursor, Hf(BH4)4, in combination with 3,3-Dimethyl-1-
butene, (CH3)3CCH=CH2, (DMB), as the carbon source. Increasing carbon content decreases the 
hardness and elastic modulus of low-temperature deposited films; however, HfBxCy films have 
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higher H/E and H
3
/E
2
 ratios than for HfB2, which is predicted to improve the wear performance 
in tribological applications. The use of DMB retards the film growth rate and enhances the 
conformal coating of HfBxCy within deep trenches, including high aspect ratio structures. 
In the last section, I show a general approach for thermal atomic layer etching of copper by 
means of sequential steps of oxidation and oxide removal by an acidic chelating agent. One 
important requirement is that the oxidation step must create a spatially uniform oxide thickness 
in the range of Å to nm that does not depend on underlying microstructural features such as 
crystallographic orientation, grain boundaries or extended defects. It must also convert the 
copper to an oxidation state suitable for reaction with the chelating agent. At 275 °C, we find that 
the oxidation of copper by molecular oxygen is very nearly self-limiting, and the resulting Cu2O 
overlayer reaches a final thickness of 0.3 nm. The Hhfac reacts with the copper oxide but not 
with the underlying copper to form Cu(hfac)2, and this step is fully self-limiting. This process is 
selective for the etching of metals, so that nearby SiO2 or SiNx are not removed. 
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CHAPTER 1 
 OVERVIEW  
1.1 Motivation 
1.1.1 Low temperature CVD of conductive and superconductive metal 
 nitrides 
The deposition of transition metal nitride thin films is technologically important for a 
wide range of applications including hard coatings [1, 2], microelectronic diffusion barriers [3, 4] 
and superconducting devices [5]. For these applications, deposition must be performed at low 
substrate temperatures to be process compatible with other fabrication steps, result in a high 
quality film, and conformally coat high aspect ratio features and complex shapes and structures.  
Vanadium nitride is characterized by its high thermal and chemical stability, high 
electrical conductivity, and a high bulk hardness of 19 GPa; it is suitable as a copper diffusion 
barrier in microelectronics. The δ-phase of vanadium nitride (VN) is superconducting with a 
bulk critical temperature of 9.2 K, which makes it a strong candidate for the fabrication of 
Josephson junctions, superconducting interconnect lines, and single photon detectors [6]. 
For early transition metal nitride growth, low temperature chemical vapor deposition 
(CVD) from dialkylamido precursors and ammonia has been investigated in the literature; 
transamination with ammonia is believed to be the main chemical pathway of film growth [7]. 
In this reaction, the nitrogen lone pair of ammonia attacks the precursor M-N bond, exchanging 
NR2 ligands with NHx while removing dialkylamido ligand through H transfer of ammonia or 
NHx, converting it to dimethylamine, which desorbs. Successive transamination reactions, 
potentially in combination with β-hydrogen elimination from an already transaminated NHx 
ligand, remove all ligands and result in high quality films. However, in many cases the 
transamination reaction does not go to completion and results in low film density and high 
electrical resistivity. The rate of ammonia decomposition on the growth surface is a crucial 
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aspect of the growth kinetics: if the generation rate of NHx groups is insufficient, then 
incomplete transamination or precursor thermolysis may occur and the film quality is reduced.   
In this work, I identify an important mechanism that affords growth of high quality VN 
films by CVD: the VN surface is catalytic for ammonia decomposition, hence, NHx groups are 
generated efficiently, which drives transamination to completion at low temperatures. In low 
pressure CVD experiments, we obtain VN films with high physical density, low electrical 
resistivity of 180 μΩ-cm, and a superconducting critical temperature of 7.6 K.  
I then extend the idea of low temperature self-activated growth to the system of 
molybdenum nitride and carbo-nitride CVD. Molybdenum nitride and carbide surfaces are 
catalysts for ammonia decomposition [8, 9] and can enhance formation of high quality film at 
low growth temperatures. Molybdenum carbo-nitride forms a closed packed metallic structure 
with nitrogen and carbon atoms as interstitials, allowing a wide range of compositions and 
crystal structures [10] with applications in microelectronics [11, 12], hard coatings [13-16], 
superconducting devices [16-18], and as catalysts [19-22]. 
In past reports, films of composition MoCxNy (x = 0.20 - 0.55, y = 0.10 - 0.47) have been 
deposited using CVD at 450 - 650 °C using (
t
BuN)2(
t
BuNH)2Mo as a single source 
precursor [23]. Films have been deposited at 80 - 300 °C by PEALD using (
t
BuN)2(NMe2)2Mo 
with a H2 + N2 plasma as the half cycle with growth rates of 0.4-0.5 Å/cycle; the composition 
MoC0.45N0.08, deposited at 150 °C using a H2 plasma, had a room temperature resistivity of 170 
μΩ-cm and a superconducting transition temperature of 8.8 K [10]. 
Mo(CO)6 plus NH3 has been used to grow MoxN films at 350-800 °C; films contained 
carbon as evidenced by EDX [24]. Amorphous MoxN films have been grown by ALD using 
Mo(CO)6 plus NH3 in the narrow range of 155-170 °C [25], however the electrical conductivity 
of films was not reported. We report thermal CVD of low resistivity crystalline MoCxNy films at 
150 - 300 °C using Mo(CO)6 plus NH3. Films grown at 250, 200 and 150 °C exhibit 
superconducting transition temperatures of 5.5, 4.5, and 4.7 K, respectively. The step coverage is 
80 - 85 % in trenches of aspect ratio 6:1. 
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Whereas many CVD precursors are available for early transition metal nitrides, few exist 
for late transition metal nitrides. The scarcity of CVD routes is due to the limited availability of 
precursors that possess all of the required properties, i.e., good synthetic yield, thermal stability 
in the source container, sufficient vapor pressure, and a reaction pathway that affords the desired 
phase with low impurity content at modest substrate temperature.  Among these nitrides, 
manganese nitride phases have solid-state properties that make them attractive for spintronic, 
magnetic, and microelectronic applications [26-30]. The antiferromagnetic η-phase, Mn3N2 [31-
33], the ferromagnetic ε-phase, Mn4N [29, 34], the antiferromagnetic ζ-phase, Mn5N2 [30] and 
the high nitrogen content θ-phase, Mn6N5 [32] have been reported as bulk nitrides [30] or as thin 
films [29, 33, 34]. All phases exhibit metallic behavior at room temperature [27]; the η-phase is a 
superconductor with a critical temperature Tc of 4 K [35].    
I demonstrated growth of manganese nitride from a novel precursor, bis(2,2,6,6-
tetramethylpiperidido)manganese(II), Mn(tmp)2, and ammonia.  This newly developed precursor 
can be synthesized in high yield, is thermally stable at room temperature, and has relatively high 
vapor pressure. Film growth occurs in the temperature range 50-350 °C, compatible with many 
device fabrication processes. Manganese nitride films are of high quality and show promising 
results for copper diffusion barrier applications.   
1.1.2 Area selective deposition; dynamic passivation of oxide surfaces 
Many nanoscale electronic devices are fabricated using a top-down approach involving 
blanket film deposition, patterning, and etching steps. However, as feature sizes shrink toward 10 
nm, pattern registry becomes very difficult. A bottom-up solution is area selective deposition 
(ASD), in which a thin metallic film grows selectively on metal but not on dielectric surfaces. 
ASD thus builds upon the previously established pattern on the substrate and obviates the need 
for additional patterning and etching steps [36]. In CVD or ALD processes, selective growth 
occurs when film nucleation is inherently difficult on the oxide surface [37-39], or when a 
surface is rendered passive by chemical termination or by the deposition of a dense self-
assembled monolayer [40-45].   
However, the limit of selectivity is determined by the onset of nucleation on the intended 
non-growth surface, which may be associated with defects in the inherent chemical properties or 
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in the passivation treatments [37, 39, 46, 47]. A robust ASD process must ensure that no 
nucleation occurs on the oxide over the total time needed to deposit the desired film thickness on 
the metal. 
Here, we show that this can be accomplished by continuously injecting a neutral molecule 
inhibitor along with the precursor, which reduces the nucleation rate on oxide to values near 
zero. For the CVD of copper from the precursor Cu(hfac)VTMS, where hfac = hexafluoro-
acetylacetonate, we have previously shown that the volatile molecule vinyltrimethylsilane 
(VTMS) serves as a growth inhibitor: addition of VTMS reduces the Cu growth rate on a Cu 
surface by a factor of four [48]. Here, we demonstrate that the magnitude of the rate inhibition by 
VTMS is much larger on other surfaces and can be used to afford essentially perfect selectivity: 
there is rapid growth of Cu on RuO2 but essentially no growth on thermal SiO2 or porous, 
carbon-doped SiO2 (CDO). We explain the mechanism by which selectivity is achieved: on 
dielectric surfaces, VTMS associatively desorbs Cu(hfac) intermediates, which shuts down 
nucleation, whereas Cu growth proceeds on metal surfaces because the growth rate from the 
disproportionation reaction is kinetically faster than the desorption rate. 
We also report a second approach to completely suppress film growth on oxide surfaces 
during CVD of MoCxNy, Fe, and Ru from metal carbonyl precursors of Mo(CO)6, Fe(CO)5, and 
Cu3(CO)12: we inject NH3, a strong Lewis base, along with the precursor. We show that the use 
of NH3 completely eliminates the nucleation of metal on oxide surfaces for the 1-2 hour duration 
of the experiments performed. At the same time, film nucleation and growth occur readily on 
metallic seed layers of Ti or VN despite the presence of NH3 in the feed gas, i.e., the approach 
affords perfect selectivity.  We interpret our results in the context of catalysis studies, which 
report the average oxide surface charge (acidity) and the existence of inhibitor adsorption sites 
with various desorption energies.   
1.1.3 Hard coatings 
Conformal coatings with high hardness, low wear rates and low coefficient of friction are 
desirable for applications such as machines with relative motion of parts [49] and tools with re-
entrant shapes [50]. Transition metal diborides and their C- or N-alloyed counterparts offer a 
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combination of favorable tribo-mechanical properties, high chemical stability and thermal 
conductivity.  
Our group previously reported the chemical vapor deposition (CVD) of stoichiometric, 
pure, and smooth HfB2 hard coatings at substrate temperatures ≥ 200°C using the halogen-free, 
single source precursor Hf(BH4)4. We showed that the films are extremely conformal in very 
high aspect ratio features, and explained this effect using a model of surface-saturated growth 
rate in combination with precursor transport down the depth of the feature by molecular diffusion 
[51, 52]. We also reported the growth of Hf-B-N films by directing plasma-generated atomic 
nitrogen [51] or molecular ammonia to the growth surface [53].   
Here, we alloy C into HfB2 in order to enhance the tribomechanical properties of the 
coating expressed through a reduced coefficient of sliding friction and enhanced nanoindentation 
hardness, while maintaining high wear resistance. Using CVD, we report the growth of highly 
conformal, low friction and wear resistant HfBxCy films using a halogen free process at low 
substrate temperature. The highly conformal nature of the process is suitable for coating complex 
micro- or nano-mechanical devices, vias or the interfaces of miniaturized systems that have high 
aspect ratio components, as well as for coating traditional tribological surfaces or parts subject to 
lubrication-free wear conditions at elevated temperatures.  
1.1.4 Atomic layer etching of metals 
The fabrication of nanodevices with 3-dimensional architectures will be enabled by the 
development of gas-phase etching processes that are precise in thickness removed, spatially 
uniform, and material-selective. Atomic layer etching (ALE) is a chemical process in which 
material is removed from a device approximately one atomic layer at a time [54-57]; it is the 
functional opposite of atomic layer deposition (ALD). Although for many years ALE was 
thought to be too slow to be practical as a fabrication step for the semiconductor industry, many 
features in current microelectronic devices are now routinely approaching a few nm in size, and 
thus are in the size regime where ALE becomes manufacturable. Furthermore, ALE is often 
more selective and leads to less damage than traditional plasma etch methods. As a result, ALE 
is currently being intensively investigated as a process step for the manufacture of fin field effect 
transistors (finFETs) and gate-all-around (GAA) architectures. Another important potential 
 6  
 
application of ALE is in the isolation of Cu lines by removal of Cu overburden during chemical 
mechanical planarization (CMP).  A key need in the final stages of CMP is the ability to remove 
copper without damaging the fragile low-k interlayer dielectric (ILD) [54].    
Here, we demonstrate an ALE process for etching copper, in which the metal surface is 
first oxidized and then the resulting oxide is removed in a separate step by exposure to the acidic 
chelating agent hexafluoroacetylacetone (Hhfac); this two-step cycle is then repeated. In this 
cyclic process, the surface is exposed sequentially to two chemical species that attack only the 
target metal, and in each step the surface reactions are self-limiting; as a result, the process is 
highly surface selective and uniform everywhere. The chemical steps we employ are closely 
related to those that have previously been used to effect the continuous etching of copper [58-
63], in which the surface is exposed simultaneously to the oxidant and acidic chelate. 
Our process differs from these previous studies in two ways: first, the exposure to the 
oxidant and chelating agent are sequential rather than simultaneous, thus affording much more 
precise control over the amount of copper that is etched. Second, our process is carried out at 
relatively low pressures of a few mTorr; in contrast, the previous continuous etch studies were 
conducted at relatively high pressures of 50 Torr and higher [63]. The lower pressures we 
employ means that our process is very atom-efficient; relatively little reagent is wasted.  We also 
suggest, based on available thermochemical data and the known existence of product molecules, 
that this approach should work for a variety of other metals relevant to nanofabrication.   
1.2 Chapter summaries 
Some text and figures in Chapters 2-8 are taken from the journal publications or will be 
published. In all cases, adequate permissions were obtained from the publishers to reproduce the 
material. 
Chapter 2:  Low temperature CVD of superconducting vanadium nitride thin films: The 
role of autocatalytic surface reactions 
Low temperature CVD growth of low resistivity vanadium nitride thin films is reported using 
tetrakis(dimethylamido) vanadium and ammonia at growth temperature of 150-300 °C. Films 
grown using an Ar flow rate of 1 sccm for precursor and 8 mTorr ammonia at substrate 
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temperature of 300 °C have a superconducting critical temperature of 7.6 and room temperature 
resistivity of 180 μΩ-cm. Growth at temperatures less than 200 °C results in carbon 
incorporation in the film and increase of resistivity to 3000 μΩ-cm. Plasma enhanced CVD using 
a remote plasma source of ammonia at substrate temperature of 150 °C restore high film quality 
and low resistivity of 300 μΩ-cm. The results are explained based on catalytic activity of 
vanadium nitride to break ammonia and provide surface NHx groups required for precursor 
transamination reaction. When ammonia decomposition rate is low at low substrate 
temperatures, pre-cracked ammonia from remote plasma source is capable of surface 
transamination reaction and ligand removal. Films grown at temperatures higher than 250 °C are 
nano-crystalline with an average crystal size of 20 nm. Films conformality is 100 % at substrate 
temperature of 150 °C, and decreases to 65 % at 250 °C. 
 Low temperature CVD of superconducting vanadium nitride thin films: The role of 
autocatalytic surface reactions, E. Mohimi, Z. Zhang, J. L. Mallek, S. Liu, B. B. Trinh, G. 
S. Girolami, J. R. Abelson, in preparation.   
Chapter 3:  Low temperature chemical vapor deposition of superconducting molybdenum 
carbo-nitride thin films 
Thin films of molybdenum carbo-nitride, MoCxNy, are deposited by low temperature 
chemical vapor deposition from Mo(CO)6 and NH3 in the temperature range 150 - 300 °C. At a 
substrate temperature of 200 °C and Mo(CO)6 pressure of 0.01 mTorr, the composition varies 
from x , y = 0.48 , 0.20 to x , y = 0.36 , 0.33 with increasing ammonia pressure from 0.3 to 3.3 
mTorr. At a constant Mo(CO)6 pressure of 0.01 mTorr and NH3 pressure of 2 mTorr, the 
composition varies from x , y = 0.50 , 0.30 to x , y = 0.12 , 0.40 with increasing substrate 
temperature from 150 to 300 °C. Selected films grown at substrate temperatures of 150, 200, and 
250 °C are superconducting with critical temperatures of 4.7, 4.5, and 5.2 K, respectively. 
GIXRD data indicates films are composed of one or a mixture of cubic Mo2N and Mo2C phases. 
Film growth is highly conformal in microtrenches of aspect ratio 6, with step coverage of ~ 0.85 
and 0.80 at growth temperatures of 150 and 200 °C, respectively.  
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 Low temperature chemical vapor deposition of superconducting molybdenum carbo-
nitride thin films, E. Mohimi, Z. Zhang, S. Liu, J. L. Mallek, G. S. Girolami, J. R. 
Abelson, in preparation.   
Chapter 4:  Chemical vapor deposition of MnxNy films from Bis(2,2,6,6-tetramethyl-
piperidido)manganese(II) and ammonia 
Thin films of manganese nitride MnxNy are grown by chemical vapor deposition using 
the new precursor bis(2,2,6,6-tetramethylpiperidido)manganese(II), Mn(tmp)2 = Mn(NC9H18)2, 
with ammonia as a co-reactant. This precursor can be prepared in high synthetic yield and has 
good thermal stability at room temperature; it is one example of a new class of precursors [64, 
65] that have the potential to deposit late transition metal nitrides. Under low-pressure CVD 
conditions, the precursor reacts with ammonia to afford MnxNy thin films in the temperature 
range 50-350 °C. The stoichiometric ratio x/y is 2.6-2.8 for all growth conditions used, with 
oxygen and carbon impurities each < 1 at. % in the bulk as analyzed by XPS. The MnxNy films 
are X-ray amorphous and are characterized by low rms surface roughness, 0.4-0.7 nm. Film 
thickness profiles on trench substrates indicate that growth contains species of both high and low 
sticking probability. The proposed mechanism of film growth is a combination of gas phase and 
surface transamination between the precursor and ammonia to afford reactive intermediates 
responsible for film growth.  
 Chemical Vapor Deposition of MnxNy Films from Bis(2,2,6,6-tetramethyl-
piperidido)manganese(II) and Ammonia, E. Mohimi, B. B. Trinh, S. Babar,  G. S. 
Girolami, J. R. Abelson, Journal of Vacuum Science & Technology A: Vacuum, 
Surfaces, and Films 34, 060603 (2016).                                                           
Chapter 5:  Surface-selective chemical vapor deposition of copper films through the use of 
a molecular inhibitor 
We report a simple process for the selective deposition of copper films on RuO2, while no Cu 
nucleation occurs on thermal SiO2 or porous carbon doped oxide (CDO). Using the precursor 
Cu(hfac)VTMS, selectivity is attained by adding a co-flow of excess VTMS to act as a growth 
inhibitor. With precursor alone, 52 nm of Cu grows on RuO2; on CDO or on thermal SiO2, 
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nucleation is delayed such that 41 or 1.3 nm are deposited, respectively. Repeating the 
experiment with the co-flow of VTMS affords a 12 nm thick Cu film on RuO2 with roughness of 
1.8 nm. But on CDO or thermal SiO2, the Cu deposition is only 0.10 or ∼ 0.04 nm, respectively. 
AFM scans of the CDO and SiO2 surfaces are identical to the bare substrates. The small quantity 
of Cu that is deposited must be finely distributed, presumably on defect sites; it can be etched to 
below the RBS detection limit using a co-flow of Hhfac and VTMS for few minutes at the end of 
the growth. The process window is wide: selective growth occurs for a range of VTMS pressures 
(0.5–2.0 mTorr), growth times (up to 90 min), and growth temperatures (up to 180°C). 
 Surface-Selective Chemical Vapor Deposition of Copper Films through the Use of a 
Molecular Inhibitor, S. Babar, E. Mohimi, B. B. Trinh, G. S. Girolami and J. R. Abelson, 
ECS J. Solid State Sci. Technol 4 (7), N60-N63 (2015). 
Chapter 6:  Area selective CVD of metallic films from molybdenum, iron, and ruthenium 
carbonyl precursors: Use of ammonia to inhibit nucleation on oxide surfaces 
We demonstrate area-selective chemical vapor deposition of MoCxNy, Fe, and Ru thin films 
using the carbonyl precursors Mo(CO)6, Fe(CO)5, and Ru3(CO)12, respectively. We add NH3 as 
an inhibitor that has a differential effect: film grows readily on metal and metal nitride surfaces 
but no nucleation occurs on the oxides SiO2, RuO2, TiO2, Al2O3, or MgO within the investigated 
times of 1-2 hours, i.e., the growth selectivity is perfect. In the case of MoCxNy, NH3 also serves 
as the source of N in the film and results in a conductive carbonitride with a room temperature 
resistivity of 200 μΩ-cm. On oxides with acidic surface hydroxyl groups, including SiO2, RuO2, 
and TiO2, it is well established that OH groups react readily with carbonyl precursors; here, the 
adsorption of ammonia suppresses this reactivity, most likely by hydrogen bonding to the 
hydroxyl groups. On oxides with basic hydroxyl groups, ammonia adsorption enhances the 
'intrinsic' nucleation barrier they display toward carbonyl precursors. The inhibition mechanism 
on oxides involves competitive adsorption of precursor and ammonia, considering the average 
oxide surface charge and a distribution of surface reactive sites with different desorption 
energies. 
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 Area selective CVD of metallic films: Use of NH3 to inhibit nucleation on oxide surfaces, 
E. Mohimi, Z. Zhang, S. Liu, J. L. Mallek, G. S. Girolami and J. R. Abelson, in 
preparation.   
Chapter 7:  Conformal growth of low friction HfBxCy hard coatings 
Thin films of HfBxCy are deposited in a cold wall CVD apparatus using Hf(BH4)4 precursor 
and 3,3-Dimethyl-1-butene, (CH3)3CCH=CH2, as a controllable source of carbon, at substrate 
temperatures of 250-600°C. As-deposited films grown at 250°C are highly conformal (e.g., in a 
very deep trench, the step coverage is above 90% at a depth/width of 30:1), exhibit dense 
microstructure, and appear amorphous in X-ray diffraction.  Increasing the carbon content from 5 
to 21 at. % decreases the hardness from 21 to 9 GPa and the elastic modulus from 207 to 114 
GPa. Films grown at 600°C with carbon contents of 28 and 35 at. % exhibit enhanced hardness 
of 25 and 23 GPa, and elastic modulus of 211 and 202 GPa, respectively. Annealing the 300°C 
grown films at 700°C afford a nanocrystalline structure with improved mechanical properties. 
For films with the highest and lowest carbon contents, respectively, the coefficient of sliding 
friction is in the range of 0.05-0.08 and the H/E and H
3
/E
2
 ratios range from 0.08-0.11 and 0.15-
0.40. These values indicate that C-containing films should exhibit improved wear performance in 
tribological applications.  
 Conformal growth of low friction HfBxCy hard coatings, E. Mohimi, T. Ozkan
 
, S. Babar, 
A. A. Polycarpou and J. R. Abelson, Thin Solid Films 592A, 182-188 (2015). 
Chapter 8:  Thermal atomic layer etching (ALE) of copper by sequential steps involving 
oxidation and exposure to hexafluoroacetylacetone 
We describe a highly precise atomic layer etching (ALE) method for copper that does not 
attack dielectrics and involves cyclic exposure to an oxidant and hexafluoroacetylacetone 
(Hhfac) at 275 °C. In this process, the surface is exposed sequentially to two chemical species 
that attack only the target metal, and the surface reactions are kinetically self-limiting to afford 
uniformity. Molecular oxygen, O2, which is a weak oxidant, forms Cu2O under our conditions, 
and leads to a non-uniform etch morphology. A stronger oxidant – ozone generated by a UV 
source – affords CuO, which reacts with (Hhfac) to afford uniform etching.  The etch depth can 
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be controlled to nanometer precision and is uniform on reentrant surfaces and the sidewalls of 
deep features. Furthermore, the process does not etch or damage neighboring materials such as 
SiO2 or SiNx.   
 Thermal atomic layer etching (ALE) of copper by sequential steps involving oxidation 
and exposure to hexafluoroacetylacetone, E. Mohimi, B. B. Trinh,
 
 S. Babar, G. S. 
Girolami and J. R. Abelson, in preparation.   
Chapter 9:  Conclusions and future possibilities 
The major accomplishments of the present work are summarized and promising future 
possibilities, including proof-of-concept results, are discussed. 
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CHAPTER 2 
LOW TEMPERATURE CVD OF SUPERCONDUCTING  
VANADIUM NITRIDE THIN FILMS:  
THE ROLE OF AUTOCATALYTIC SURFACE REACTIONS 
2.1 Abstract 
Low temperature CVD growth of vanadium nitride thin films is reported from 
tetrakis(dimethylamido)vanadium and ammonia at growth temperatures of 150-300 °C.  All 
films have low room temperature resistivity; those grown at 250-300°C are nano-crystalline with 
an average crystal size of 20 nm and are superconducting. For example, films grown using 7 
mTorr ammonia at a substrate temperature of 300 °C have a room temperature resistivity of 250 
μΩ-cm and a superconducting critical temperature of 7.6 K.  The ability to grow films that are 
high enough in quality to be superconducting is attributed in part to the catalytic activity of the 
vanadium nitride surface, which dissociates ammonia and provides NHx groups required for the 
precursor transamination reaction. Film growth at temperatures < 200 °C results in carbon 
incorporation and a sharp increase of resistivity to ~ 3000 μΩ-cm. Thus, at low temperatures the 
catalytic activity of the VN surface becomes too slow to afford superconducting films, but we 
find that remote plasma-generated NHx groups can instead drive the transamination reaction on 
the growth surface. Depositions conducted in the presence of the effusive flux from a remote 
ammonia plasma afford films of low resistivity, 320 μΩ-cm, at a temperature of 150 °C; 
however, these films are not superconducting down to 4 K.  The conformal step coverage 
depends on the growth conditions.  In trenches of aspect ratio 6:1, the step coverage of thermally 
grown films is nearly 100% a substrate temperature of 150 °C, and decreases to 65 % at 250 °C 
for an aspect ratio of 4:1.   
2.2 Introduction 
The conformal deposition of superconducting transition metal nitride thin film is technologically 
important for fabrication of next generation superconducting circuits. The cubic δ-phase of 
vanadium nitride (VN) is superconducting with a bulk critical temperature of ≈ 9 K [1-3].  It a 
strong candidate for the fabrication of Josephson junction devices, superconducting interconnect 
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lines, and single photon detectors [4]; in addition it is highly conductive at room temperature, 
chemically and thermally stable, and has a bulk hardness of 18 GPa [5]. We examine the 
potential of chemical vapor deposition (CVD) to afford superconducting films on planar and 
trench substrates from the precursor tetrakis(dimethylamido)vanadium, with ammonia as a co-
reactant, at substrate temperatures of 150-300 °C.   
The deposition of nitride films from the reaction of transition metal dialkylamido precursors and 
ammonia generally occurs by means of a transamination reaction in which NR2 (R is an alkyl 
group) ligands are replaced with NHx groups (x = 1 or 2), which subsequently condense to form 
the nitride phase [6-8]. In this reaction, the NR2 ligands are converted by H transfer from 
ammonia to the corresponding dialkylamine, which desorbs from the growth surface [9]. 
However, in some cases the transamination reaction does not go to completion: previous 
attempts to grow VN from tetrakis(dimethylamido)vanadium and ammonia using atmospheric 
pressure CVD resulted in slightly nitrogen rich films (N / V : 1.05-1.15) with high electrical 
resistivities (~ 10
3
 μΩ-cm) [7]. Thermal growth of TiN films at low substrate temperatures by 
either CVD [8] or ALD [10, 11] from the analogous tetrakis(dimethylamido)titanium precursor 
resulted in high resistivity films.   
In this work, we identify an important mechanism that affords growth of high quality VN films 
by CVD: the VN surface is catalytic for ammonia decomposition, hence, NHx groups are 
generated efficiently, which drives transamination to completion at low temperatures. Surface 
science experiments indicate that the apparent activation energy for ammonia decomposition on 
vanadium nitride is relatively low, 20 kcal/mol (0.87 eV) at temperatures < 420 °C [12], whereas 
ammonia desorbs before decomposition on TiN surface [10]. In low pressure CVD experiments 
at 300°C, we obtain VN films with high physical density, low electrical resistivity of 250 μΩ-
cm, and a superconducting critical temperature of 7.6 K. To test the role of NHx supply on the 
surface, we also deposit films under low temperature conditions where the catalytic 
decomposition rate becomes insufficient to grow low resistivity films. We then deliver NHx to 
the surface from a remote ammonia plasma source and find that this flux restores excellent film 
properties. Finally, we examine the conformality of thermally grown films in trenches as a 
function of temperature.   
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2.3 Experimental 
Growth of vanadium nitride films is performed in a turbo-pumped chamber of high vacuum 
construction as described elsewhere [13, 14]. The tetrakis(dimethylamido)vanadium (TDMAV) 
precursor is kept in a reservoir maintained at room temperature, where it sublimes and is carried 
by an Ar carrier gas that flows through the source container to deliver the sublimed precursor to 
the chamber. The carrier flow rates are 1-10 sccm. The ammonia co-reactant is purified by 
distillation from sodium to remove water and decrease the adventitious incorporation of oxygen 
into the films. The ammonia is delivered to the chamber through an independent gas line; the 
flow is regulated by a needle valve to afford partial pressures of 1-30 mTorr.  
The growth chamber is equipped with a remote microwave plasma source to generate active NHx 
species from ammonia. The source consists of a 9.5 mm i.d. pyrex tube with a 2.45 GHz 
Evanson cavity located outside of the chamber. The net plasma power (forward minus reverse) is 
varied between 40-60 W. A unique feature of this source, due to the smaller diameter tube (6 mm 
i.d.) that connects the source to the chamber, is that precursor species cannot diffuse upstream 
against the outward gas flow into the active plasma area. Thus, it is possible to create an active 
species in the plasma and deliver it to the growth surface while simultaneously delivering un-
dissociated precursor to the surface via a separate gas line. Previous work in our group using an 
earlier version of this apparatus has shown that at operating pressures of 1-5 mTorr of hydrogen 
and a plasma power of 45 W, the atomic hydrogen flux is between 2-8 × 10
14
cm
-2
s
-1
 [15]. The 
flux of ammonia fragments on the substrate is not known, but we expect that the value is of the 
same magnitude.   
Si(100) with native oxide and 300 nm thermal SiO2 / Si are used as substrates. Microtrench 
samples of SiNx of multiple aspect ratios are used to study the conformality of VN growth under 
various growth conditions. The growth temperature, measured by a K-type thermocouple 
attached to the radiatively heated sample holder, is varied between 150-300 °C.  
Film thickness and microstructure are determined from cross-sectional SEM images. 
Compositional depth profiles are obtained by AES; atomic composition and elemental binding 
energies are measured by XPS.  Because there is an overlap of the oxygen KL23L23 and 
vanadium L3M45M45 lines in the Auger spectra, the bulk oxygen content is analyzed by high 
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resolution XPS after 2 min. of Ar
+
 sputtering to remove surface contamination due to air 
exposure. Selected films are capped in-situ with 30 nm of HfB2 to block the diffusion of oxygen 
into the film upon exposure to atmosphere. Film crystallinity is measured by glancing incidence 
X-ray diffraction. Cross-sectional transmission electron micrograph and electron diffraction 
patterns are obtained on a JEOL 2100. The resistivity of VN films grown on SiO2 substrates is 
measured by the 4-point probe method; room temperature measurements are conducted at 
Illinois, and measurements down to 4 K are conducted at the MIT-Lincoln Laboratories.   
2.4 Results 
2.4.1 Film growth, composition, and microstructure 
The current study is directed toward the low temperature CVD growth of superconducting 
vanadium nitride thin films from the precursor tetrakis(dimethylamido)vanadium and ammonia.  
At 150 °C using TDMAV precursor alone, delivered using 1 sccm of Ar carrier gas which results 
in chamber pressure of 0.1 mTorr, there is no film deposition; this result is consistent with 
previous reports under atmospheric pressure CVD conditions, for which no growth occurs up to 
a substrate temperature of 300 °C [7]. Upon addition of 0.5 mTorr of ammonia, film growth 
occurs slowly at a rate of ~ 0.5 nm/min. The growth rate increases only slightly with increasing 
ammonia pressure, and saturates at 0.7 nm/min for ≥ 7 mTorr of ammonia. An AES depth profile 
shows that the air-exposed films contain 10 at. % C and 25 at. % O, with a V/N ratio of almost 
1.5. When the film is capped in-situ using 20 nm of HfB2, the oxygen content after air exposure 
is reduced to 5 at. %, with V / N ratio of 1.1, and carbon content of almost 15 at. %. The films 
are smooth (Figure 1a), and after air exposure (without HfB2 capping) the room temperature 
resistivity is relatively large, 3000 μΩ-cm. These results indicate that, at 150 °C, the reaction of 
TDMAV with ammonia does not completely remove the dimethylamido groups from the 
precursor. The resulting film extensively oxidizes (or hydrolyzes) when exposed to air, which 
suggests that the films are under dense, as expected for growth of a refractory material at low 
temperature. Using 5 sccm Ar carrier gas for precursor and increasing the ammonia pressure 
during growth from 0.5 to 7 mTorr does not change the film microstructure but the carbon 
content decreases slightly from 30 to 23 at. % in the HfB2 capped films.   
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At 175 °C and in the absence of ammonia, thermolysis of the TDMAV precursor commences 
and film growth starts. Films grown from TDMAV at 200-250 °C in the absence of ammonia 
contain 42 at. % carbon and have a V / N ratio of 1.5. 
When ammonia is co-flowed with precursor at growth temperatures ≥ 250 °C, the removal of 
dimethylamido ligands becomes efficient under our conditions.  Thus, for a film grown at 250 °C 
using 7 mTorr ammonia and 1 sccm of Ar carrier gas, the AES depth profile analysis shows a 
V:N ratio of 1:1, with a carbon content < 5 at. % and an oxygen content < 3 at. % (the latter 
determined by high resolution XPS after 2 min. of sputtering). The V 2p3/2 and N 1s XPS binding 
energies of 513.5 and 397.3 eV, respectively, are consistent with the presence of a nitride phase 
[7]. An SEM cross section shows that the film has a columnar and dense microstructure (Figure 
1b). The film resistivity is quite small, 180 μΩ-cm, for a 45 nm thick film; this value compares 
favorably to the bulk resistivity of 85-100 μΩ-cm [16, 17]. The film undergoes a transition to a 
superconducting phase at a critical temperature (Tc) of 6.2 K (Figure 2), compared to ≈ 9 K for 
bulk vanadium nitride [2, 3]. When the deposition is repeated under the same gas pressures at 
300 °C, the carbon contamination decreases to 2 at. %. The resulting film is dense and columnar 
as indicated by cross-sectional SEM, and exhibits a superconducting critical temperature of 7.6 
K (Figure 2).  
For these latter experiments, the growth rate at constant temperature increases with increasing 
TDMAV precursor pressure, indicating that deposition is in the flux-limited regime. As judged 
from in situ ellipsometry data, there is no nucleation delay for vanadium nitride growth on 
Si(100) or SiO2, for all temperatures investigated in this study. Facile nucleation is typically 
associated with a high areal density of nuclei; thus, it may be possible to grow very thin VN 
films that are smooth and pinhole free [18].  
2.4.2 Remote plasma enhanced CVD (PRECVD) of vanadium nitride 
As described above, the film quality is poor at low growth temperatures, owing in part to 
incomplete removal of the dimethylamido ligands. To test whether this result is due to an 
insufficient rate of NH3 cracking on the VN surface, we investigated the effect of a co-flow of 
pre-cracked NHx groups from a remote plasma source. The results are quite dramatic: at a 
substrate temperature of 150 °C, a net plasma power of 40 W, and an ammonia pressure of 
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7 mTorr, the room temperature resistivity of a 25 nm thick film is 320 μΩ-cm, as opposed to 
3000 μΩ-cm in the absence of the plasma. The film is, however, not superconducting down to 4 
K.  The Auger depth profile of an uncapped film after air exposure indicates V:N ≈ 1:1, < 2 at. % 
carbon and ~ 12 at. % oxygen. When film is capped with HfB2, the oxygen content decreases to 
< 3 at. %.  
Thus, a supply of pre-cracked NHx groups greatly improves the quality of the films deposited at 
low temperatures. The oxidation of the uncapped film upon exposure to air indicates that the film 
is under dense. Increasing the plasma power to 60 W or increasing the NH3 flow through the 
plasma source results in a similar film resistivity, 350 μΩ-cm. In contrast, when growth is done 
with 6 mTorr H2 plasma at the same plasma power with no ammonia added, the film resistivity is 
more than 4000 μΩ-cm, the V:N ratio is 2.3, and the carbon and oxygen contents are 20 and 25 
at. %, respectively. Therefore atomic hydrogen alone is not capable of removing the 
dimethylamido ligands and a nitrogen-poor film with both carbon and oxygen impurities results 
instead. Using 4 mTorr of hydrogen at plasma power of 60 W, with molecular ammonia injected 
separately into the chamber, affords a film resistivity of 500 μΩ-cm. Repeating the growth with 
mixed NH3 and H2 in the plasma results in film resistivity of 400 μΩ-cm. 
Interestingly, we find that we can obtain low-carbon VN films at 150 °C by a cyclic CVD 
process in which the following two steps are alternated:  (1) brief exposures of the surface to the 
TDMAV precursor and ammonia, and (2) brief exposures to the remote NH3 plasma.  Each cycle 
consists of 1 min thermal CVD using the precursor and molecular ammonia at 150 °C, followed 
by 2 min of cleaning using 8 mTorr of remote ammonia plasma at a power of 60 W. After 20 
cycles were performed, giving total film thickness of 20 nm, the carbon content was less than 2 
at. % and the film resistivity was 800 μΩ-cm, however films were not superconducting down to 
4 K. 
Replacing the second step, exposure to a remote NH3 plasma, with exposure to a remote H2 
plasma results in a degradation of film quality. In a cyclic CVD approach for 16 cycles, 
consisting of 2 min growth using precursor and ammonia and 3 min cleaning with a H2 plasma, 
the film resistivity is 1200 μΩ-cm.  
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In all cases, addition of an ammonia RPECVD component to the deposition protocol leads to 
greatly improved film stoichiometries and much lower film resistivities at low substrate 
temperatures. 
Films grown at 150 °C show no crystalline structure in GIXRD scans, consistent with the 
presence of an amorphous (or very finely nanocrystalline) phase. Films grown at 250 °C using 1 
sccm Ar carrier gas and 8 mTorr ammonia show small broad peaks representative of the δ- cubic 
phase of vanadium nitride with small crystal size. However, when growth is repeated at an 
increased Ar carrier gas flow of 10 sccm, no crystalline feature is observed, apparently due to 
incomplete reaction at high precursor flux. At substrate temperature of 300 °C and at high 
ammonia/precursor ratio conditions, films are crystalline with crystal size of ~ 15-20 nm, 
calculated from the Scherrer equation. We have not explored growth temperatures higher than 
300 °C, but we expect less impurity and a higher degree of crystallinity which should result in 
higher Tc values of the cubic vanadium nitride phase.   
Cross sectional TEM images of films grown at 300 °C indicate the presence of ~ 20 nm diameter 
crystalline grains aligned perpendicular to the surface (Figure 3a). Selected area diffraction 
patterns consist of well-defined spotty rings, indicating that the films are polycrystalline, 
superposed on a diffuse background due to a poorly crystalline component with nearly the same 
d-spacings (Figure 3b).   
2.4.3 Film conformality   
Because the conformality of a CVD deposit is often an important parameter, we investigated 
whether any growth condition could afford conformal films. For film growth in a recessed 
feature to be conformal, the reactive sticking coefficient of the precursor must be small (<< 1) so 
that precursor molecules can survive many wall encounters on their way down a feature [19, 20]. 
When precursor only is used during growth at temperatures of 175-250 °C, the deposit is highly 
conformal in trenches of aspect ratio 3:1, showing a low sticking coefficient of precursor in the 
absence of ammonia (Figure 4a). However using 1 sccm Ar carrier gas for precursor in the 
presence of 8 mTorr ammonia, the high catalytic activity of the surface in dissociating ammonia 
at temperatures ≥ 250 °C implies high precursor reaction rates, i.e., a high sticking coefficient, 
which is in conflict with the requirement for conformal growth (Figure 4b).  
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One method to reduce the effective sticking coefficient and improve conformality at higher 
temperatures is to employ higher precursor pressures in an effort to saturate the surface [20]. 
Under conventional CVD conditions at 250 °C, with 10 sccm Ar carrier gas for the TDMAV 
precursor and 8 mTorr of ammonia the step coverage is ~ 65 % in a trench with an aspect ratio of 
4:1 (Figure 4c). The growth rate under these conditions is high, ~ 10.5 nm/min. This film has a 
resistivity of 650 μΩ-cm, is X-ray amorphous, and a composition with 10 at. % oxygen and 20 
at. % carbon. Thus it is possible to achieve reasonable conformality at the expense of greater film 
resistivity. When the ammonia pressure is increased to 30 mTorr under identical growth 
conditions, film conformality decreases to the conditions of low precursor flux.  
Another approach to improve conformality under low pressures of precursor is to use a neutral 
inhibitor that site-blocks precursor adsorption sites, or that associatively desorbs precursor 
fragments from surface, hence decreasing reaction probability and precursor sticking coefficient 
[19, 21]. For growth of TiN from TDMAT and ammonia, it has been shown that the first 
transamination step in the gas phase is reversible, and that the addition of dimethylamine inhibits 
growth [22, 23].  
It has been reported that trimethylamine (TMA) forms strong dative bonds with electron-
withdrawing surface atoms [24] and, hence, it is a good candidate to site-block reactive sites. A 
good inhibitor in this system should be capable of blocking both ammonia and precursor 
adsorption. We find that TMA is a strong inhibitor for adsorption of TDMAV at 250 °C: the 
growth rate in the absence of ammonia decreases with increasing TMA pressure and stops 
completely at pressures above 3.2 mTorr. When ammonia is added to the system, in-situ 
ellipsometry indicates that growth resumes. For growth with ammonia at a pressure of 7 mTorr, 
the use of TMA reduces the growth rate from 3.0 to 0.6 nm/min with TMA pressures of 3.2 and 
10 mTorr, respectively. However, film conformality is not significantly improved with TMA co-
flow.  
Conformality often can be improved by reducing the growth temperature. In the current system 
the film quality is poor at 150 °C under conventional CVD conditions, but we have shown that 
we can obtain stoichiometric films at 150 °C using a cyclic CVD process involving a remote 
ammonia plasma. Notably, we find that highly conformal films can be grown in a trench of 
aspect ratio 6 at 150 °C using 1 sccm carrier gas for the TDMAV precursor and 8 mTorr 
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ammonia (Figure 4d). This result suggests that alternating this CVD step with exposure to a H2 + 
NH3 or NH3 plasma will afford highly conformal films with a resistivity of 400-800 μΩ-cm.   
2.5 Discussion  
The rate of ammonia decomposition on the growth surface is a crucial aspect of the kinetics: if 
the generation rate of NHx groups is insufficient, then incomplete transamination or precursor 
thermolysis may occur and the film quality is reduced [25]. For TiN, it has been demonstrated 
that the rate of ammonia decomposition on TiN is low and the rate of desorption from the surface 
is high [10]. TiN film growth occurs, but ligand fragments are incorporated rather that removed 
by transamination [10]. This problem can be mitigated by plasma enhanced CVD or post-growth 
plasma treatment. High quality TiN film is grown at as low substrate temperature as 100 °C, 
using electron cyclotron resonance (ECR) plasma from TDMAT and N2 or NH3; films grown 
using NH3 plasma have lower resistivities [26]. Post growth N2 + H2 plasma treatment of TiN 
films grown at 300-400 °C decreases resistance, increases crystallinity, decreases carbon 
contamination from 30 to 10 at. %, and inhibits oxygen in-diffusion upon air exposure [27].  
In the absence of added ammonia, the thermal decomposition of TDMAV most likely follows 
the pathway observed for the analogous tetrakis(dimethylamido)titanium precursor, in which 
beta hydrogen elimination (with liberation of dimethylamine) leads to the formation of Ti-N-C 
metallacycles.  As a result, the films contain metal, nitrogen, and a significant amount of carbon 
[6].  
In the presence of ammonia, the thermal CVD results are consistent with the hypothesis that 
cracking of NH3 on the vanadium nitride surface at temperatures ≥ 250 °C drives precursor 
transamination and affords high quality VN films. The efficient activation of N-H bonds in 
ammonia by VN (and also VC) is known from surface science studies;  DFT calculations suggest 
that these surfaces have electronic properties similar to those of noble metals [5, 12, 28-30].   
At 250 °C, the rate constant for NH3 dissociation on high surface area VN is 6 × 10
9
 atom/cm
2
-s; 
the products, adsorbed H and N atoms, associatively desorb as H2 and N2 [30].  If we assume that 
stoichiometric growth of VN films requires a minimum of two NHx fragments per precursor 
molecule, then the film growth rate at 250 °C corresponds to a NH3 dissociation rate of 15 × 10
12
 
atom/cm
2
-s, which is three orders of magnitude higher than the calculated rate. This 
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disagreement challenges the hypothesis; however, we suggest that the rate-limiting process is 
different. In the absence of film growth, the VN surface becomes covered with N adatoms 
because the associative desorption of N2 is the rate limiting step; this site blocking lowers the 
rate of NH3 adsorption. In the presence of the precursor, however, the transamination process 
scavenges the NHx species, in competition with further dissociation to N and H; this should 
decrease the coverage of adsorbed N adatoms such that the net NH3 dissociation rate is much 
faster.  
It has previously been reported that atmospheric pressure CVD from TDMAV at temperatures of 
200-400 °C affords VN films (N/V : 1.05-1.15) with resistivities of 1000 μΩ-cm that are 
significantly above the bulk value [7]. By contrast, we obtain excellent films with resistivities as 
low as 180 μΩ-cm simply by using lower pressures. We suggest two possible explanations for 
this difference. First, under high pressure growth condition, the transamination reaction occurs in 
the gas-phase rather than on the substrate.  Such gas-phase transamination reactions of transition 
metal dialkylamido species are known to generate powdery deposits with poor stoichiometries 
because the gas phase transamination may not go to completion, and the resulting partly 
transaminated products containing NHx groups are incorporated in the film [7]. Alternatively, at 
high total pressures, a stagnant gas layer forms that may prevent the dimethylamine reaction 
product from diffusing away from the surface and results in TiN and VN films of high resistivity, 
10
4
 and 10
3
 μΩ-cm, respectively [7, 8]. On the other hand, surface transamination with NHx 
groups can proceed with low activation energy; e.g., it has been shown in a computational study 
that there is no kinetic or thermodynamic hindrance for surface transamination of TDMA-Hf on 
NH terminated Si surface (Si2NH) at room temperature [31]. No matter the mechanism, the use 
of low pressure during CVD greatly improves the film quality. The facile ammonia 
decomposition and surface transamination with TDMAV results in high film quality at low 
substrate temperatures.  
2.6 Conclusions 
We report CVD of vanadium nitride at temperatures of 150-300 °C, with a 
superconducting critical temperature of 7.6 K obtained at 300 °C. The proposed mechanism for 
vanadium nitride growth is based on the catalytic ability of the vanadium nitride surface to 
dissociate ammonia. The resulting high surface coverage of NHx groups drives successive 
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transamination / elimination reactions which remove dimethylamido ligands from TDMAV in 
the form of volatile dimethylamine byproduct. At growth temperature of 150 °C, pre-dissociation 
of ammonia in a remote plasma provides the NHx groups required for transamination and films 
of low resistivity are achieved. 
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2.7   Figures and Table 
 
 
Figure 2.1. Cross-section SEM images of vanadium nitride film grown using 1 sccm Ar carrier 
gas for precursor and 7 mTorr ammonia at a) 150 °C and b) 250 °C. 
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Figure 2.2. Superconductivity measurements of vanadium nitride films deposited at substrate 
temperatures of 250 and 300 °C using 1 sccm Ar carrier gas for precursor and 7 mTorr ammonia. 
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Table 2.1. Room temperature resistivity of vanadium nitride films grown at a substrate 
temperature of 150 °C using different plasma gas conditions. 
 
Plasma gas Resistivity 
(μΩ-cm ) 
NH3 320 
H2 4000 
NH3 (post-growth exposure) 800 
H2 (with NH3 in chamber) 500 
H2 + NH3 400 
H2 (post-growth exposure) 1200 
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Figure 2.3. Vanadium nitride film grown on SiO2 substrate at 300 °C using 1 sccm carrier gas for 
precursor and 7 mTorr ammonia: a) cross-sectional TEM image; b) selected-area electron 
diffraction pattern. 
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Figure 2.4. Cross-sectional SEM images of vanadium nitride films grown at: a) 175 °C with 
precursor only using 1 sccm of Ar carrier gas; b) 250 °C using 1 sccm carrier gas for precursor 
and 8 mTorr NH3; c) 150 °C using 1 sccm carrier gas for precursor and 8 mTorr NH3; d) 250 °C 
using 10 sccm carrier gas for precursor and 8 mTorr NH3; the latter is the most conformal result 
and also has the highest trench aspect ratio. 
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CHAPTER 3 
LOW TEMPERATURE CHEMICAL VAPOR DEPOSITION OF 
SUPERCONDUCTING MOLYBDENUM CARBO-NITRIDE 
THIN FILMS 
3.1 Abstract 
Thin films of molybdenum carbo-nitride, MoCxNy, are deposited by low temperature 
chemical vapor deposition from Mo(CO)6 and NH3 in the temperature range 150 - 300 °C. At a 
substrate temperature of 200 °C and Mo(CO)6 pressure of 0.01 mTorr, the composition varies 
from x , y = 0.48 , 0.20 to x , y = 0.36 , 0.33 with increasing ammonia pressure from 0.3 to 3.3 
mTorr. At a constant Mo(CO)6 pressure of 0.01 mTorr and NH3 pressure of 2 mTorr, the 
composition varies from x , y = 0.50 , 0.30 to x , y = 0.12 , 0.40 with increasing substrate 
temperature from 150 to 300 °C. Selected films grown at substrate temperatures of 150, 200, and 
250 °C are superconducting with critical temperatures of 4.7, 4.5, and 5.2 K, respectively. 
GIXRD data indicates films are composed of one or a mixture of cubic Mo2N and Mo2C phases. 
Film growth is highly conformal in microtrenches of aspect ratio 6, with step coverage of ~ 0.85 
and 0.80 at growth temperatures of 150 and 200 °C, respectively.  
3.2 Introduction 
Molybdenum nitrides, carbides, and their ternary carbo-nitride alloys are utilized in 
microelectronics [1, 2], hard coatings [3-6], superconducting devices [6-8], and as catalysts [9-
12] due to their high chemical stability, mechanical hardness, electrical conductivity, and 
superconductivity. Molybdenum carbo-nitride forms a closed packed metallic structure with 
nitrogen and carbon atoms as interstitials, allowing a wide range of compositions and crystal 
structures [13].   
Conformal film deposition at low substrate temperature is required in the fabrication of many 
nanoscale devices in order to coat and fill high aspect ratio via and trenches. In this report we 
consider chemical vapor deposition (CVD) because a high degree of step coverage (≥ 0.8) at 
useful growth rates is possible when the surface reaction rate limits the overall kinetics [14].   
 35  
 
In past reports, films of composition MoCxNy (x = 0.20 - 0.55, y = 0.10 - 0.47) have been 
deposited using CVD at 450 - 650 °C using (
t
BuN)2(
t
BuNH)2Mo as a single source precursor 
[15]. Films have been deposited at 80 - 300 °C by PEALD using (
t
BuN)2(NMe2)2Mo with a H2 + 
N2 plasma as the half cycle with growth rates of 0.4-0.5  A/cycle; the composition MoC0.45N0.08, 
deposited at 150 °C using a H2 plasma, had a room temperature resistivity of 170 μΩ-cm and a 
superconducting transition temperature of 8.8 K [13].  
Mo(CO)6 plus NH3 has been used to grow MoxN films at 350-800 °C; films contained 
carbon as evidenced by EDX [16]. Amorphous MoxN films have been grown by ALD using 
Mo(CO)6 plus NH3 in the narrow range of 155-170 °C [17], however the electrical conductivity 
of films was not reported. We report thermal CVD of low resistivity crystalline MoCxNy films at 
150 - 300 °C using Mo(CO)6 plus NH3. Films grown at 250, 200 and 150 °C exhibit 
superconducting transition temperatures of 5.5, 4.5, and 4.7 K, respectively. The step coverage is 
80 - 85 % in trenches of aspect ratio 6:1.   
3.3 Experimental 
Growth of molybdenum carbo-nitride films is performed in a cold wall high vacuum 
chamber described elsewhere [18]. Mo(CO)6 precursor is used at pressures of 0.01-0.03 mTorr.  
Research grade ammonia (99.9992 %) is delivered through a separate gas line to the growth 
chamber to establish partial pressures of 0.3 - 9 mTorr. Film composition and resistivity 
measurements are performed on 300 nm SiO2 / Si substrates. On a bare SiO2 surface there is a 
considerable nucleation barrier for the growth of films in the presence of NH3. To eliminate this 
barrier, a metallic seed layer consisting of 1-2 nm vanadium nitride is grown using tetrakis-
(dimethylamido) vanadium plus ammonia at the same temperature subsequently used to grow 
MoCxNy. VN grows with essentially no nucleation barrier on SiO2 due to the facile 
transamination reaction [19]. The parallel conductance of the VN film in the resistivity 
measurement is neglected. The temperature is varied between 150 - 300 °C and is measured by a 
K-type thermocouple attached to the radiatively heated sample holder.  
Film thickness and microstructure are determined from cross-sectional SEM images. 
Compositional depth profiles are obtained by AES.  Core level binding energy is measured by 
XPS using aluminum Kα radiation. In selected samples, 2 min of surface sputtering by 3 kV Ar+1 
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ions is used to remove surface contamination due to air exposure. Film crystallinity is evaluated 
by GIXRD. Surface roughness is measured by AFM. Film resistivity is measured by 4-point 
probe down to 4 K.  Microtrench samples of multiple aspect ratios, coated with a conformal VN 
seed layer as for the SiO2 substrates, are used to determine the step coverage.   
3.4 Results and discussion 
3.4.1 Film growth and composition vs. ammonia pressure 
The effect of ammonia pressure on film composition is shown in Figure 1. Reaction of 
0.01 mTorr Mo(CO)6 precursor on SiO2 substrate at a temperature of 200 °C in the absence of 
NH3 results in growth of molybdenum oxycarbide film at a growth rate of 8 nm/min. AES depth 
profile analysis indicates a film composition of MoO0.3C0.7, which is consistent with previous 
reports of growth of oxycarbide film from this precursor [20-22]. When the film is grown under 
identical conditions but capped in-situ with HfB2, the oxygen content is roughly the same as for 
the air-exposed sample. This indicates that the oxygen contamination in the film originates from 
carbonyl decomposition and not from post-growth air exposure. The reaction pathway of 
Mo(CO)6 precursor on surface is known to involve multiple decarbonylation steps which happen 
easily on SiO2 substrate; however, carbonyl decomposition leads to carbon and oxygen 
incorporation in the film [23].   
On a VN seed layer, growth from 0.01 mTorr precursor and 0.3 mTorr NH3 results in a 
molybdenum carbo-nitride film, MoC0.48N0.2, with 4 at. % oxygen impurity. Incorporation of 
nitrogen in the film indicates ammonia dissociation during growth, even at the low substrate 
temperature of 200 °C. The surfaces of molybdenum carbide and of molybdenum nitride are both 
catalytically active for ammonia decomposition [24-26]. Incorporation of carbon indicates that 
some of the carbonyl ligands decompose on the surface rather than desorbing to the gas phase.  
There are two possible reaction pathways that may account for the present results.  In the 
first, carbonyl dissociates to carbon and oxygen, ammonia dissociates to nitrogen and hydrogen, 
and the oxygen from CO combines with hydrogen from NH3 to desorb as water. In the second 
pathway, CO disproportionates through the Boudouard reaction to C, which is incorporated, and 
to CO2, which evaporates; this may occur either between surface CO or CO on Mo sub-carbonyls 
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[23]. For a film grown at 200 °C using 0.3 mTorr ammonia, high resolution XPS scans of C 1s 
after 2 min of Ar
+
 sputtering show the presence of carbon in aliphatic (284.6 eV) and carbidic 
(283.3 eV) states [13]. The nitrogen 1s peak position is consistent with nitride state (397.3 eV) 
[15, 27].  
Increasing ammonia pressure to 1.3 mTorr at 200°C leads to higher nitrogen 
incorporation in the film, MoC0.44N0.25, with oxygen impurity of 3 at. %. Air exposure before 
compositional analysis can cause some film oxidation. A further increase in ammonia pressure to 
3.3 mTorr increases nitrogen incorporation, MoC0.36N0.33, with a growth rate of 1 nm/min. The 
trend of growth rate decrease with ammonia pressure increase is consistent with growth rates at 
higher temperatures; for example using 0.01 mTorr precursor at a substrate temperature of 300 
°C, the growth rate decreases from 3 to 0.3 nm/min when ammonia pressure increases from 0.3 
to 9 mTorr. 
3.4.2 Film growth and composition vs. temperature 
At a constant precursor pressure of 0.01 mTorr and ammonia pressure of 2 mTorr, the 
film becomes more N-rich as temperature increases from 150 to 300 °C, and the O content 
decreases to < 1 at. % (Figure2). Comparing  Figures 1 and 2, the composition changes more 
strongly with temperature than with increasing ammonia pressure. The composition is ~ 
MoC0.5N0.3 from 150 to 200 °C, MoC0.32N0.27 at 250 °C, and MoC0.12N0.40 at 300 °C. Apparently, 
increased cracking of ammonia at higher temperatures increases N incorporation and efficiently 
removes CO from the growth surface. The growth rate increases from 0.4 nm/min at 150 °C to 2 
nm/min at 250 °C.  
3.4.3 Film microstructure, crystallinity, and conformality 
Cross-sectional SEM micrographs indicate smooth, dense, and featureless films grown at 
different substrate temperatures. As previously reported, a film is much smoother when the 
nucleation density is high [28, 29]. The VN seed layer used in this study nucleates with very high 
areal density: the rms roughness of a 1 nm thick film grown on SiO2 is only 0.3 nm. A 25 nm 
thick MoCxNy film grown on the seed layer at 150 °C has a rms roughness of only 1.1 nm. 
Molybdenum carbo-nitride films have room temperature resistivities of 200-300 μΩ-cm with no 
clear trend with growth conditions in the range investigated. Films grown at 150 °C using 0.01 
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mTorr precursor and 0.7 mTorr ammonia have a superconducting critical transition temperature 
of 4.7 K. When the ammonia pressure is increased to 1.3 mTorr at the same growth temperature, 
the resistance starts to decrease around 6 K, but zero resistance is not observed down to 4 K, the 
lowest temperature of the apparatus. This non-ideal behavior is attributed to the existence of an 
amorphous phase or a nitrogen rich phase, as evidenced by XRD data below. The 
superconducting critical transition for films grown at 200 and 250 °C using 0.40 and 2.5 mTorr 
ammonia is 4.5 and 5.2 K, respectively (Figure 3).  
It is known that both molybdenum nitride and molybdenum carbide are superconducting. 
The cubic γ-Mo2N phase has a superconducting critical temperature of 4-6 K, the hexagonal δ-
Mo2N has Tc of 13.2 K, and the cubic MoN phase, when well-ordered and stoichiometric, is 
predicted to have Tc of 30 K [27].  For molybdenum carbide, the hexagonal-layered η-phase of 
Mo3C2 has Tc of 8.5 K [30] and cubic δ-MoC1-x has Tc of 14.7 K [31]. Molybdenum carbide 
films have demonstrated superconducting behavior with Tc values from 5.1 to 8.9 K for the α-
Mo2C and β-Mo2C phases, respectively [32]. 
The superconducting films grown at 150-250 °C show X-ray diffraction peaks 
characteristic of (111), (200), and (200) reflections of cubic structures of γ-Mo2N and Mo2C 
phases (Figure 4a) [13, 15]. However, distinction of these phases is not possible due to close 
proximity of diffraction patterns. The peaks are broad, indicating nanocrystalline grains 
embedded in an amorphous background. Using the Scherrer formula for the (111) peak, the 
average grain diameter is calculated to be 5 and 2 nm for films grown at 200 °C and 150 °C, 
respectively. Increasing ammonia pressure at growth temperature of 250 °C results in broader X-
ray peaks and a more dominant amorphous background, suggesting presence of a nitrogen rich 
amorphous phase (Figure 4b). Films grown at 300 °C using 0.01 mTorr precursor and 0.3 or 9 
mTorr ammonia contain similar phases as above. 
A film grown at substrate temperature of 150 °C using 0.01 mTorr precursor and 1.3 
mTorr ammonia is highly conformal, with a step coverage of ~ 85 %, in microtrenches of aspect 
ratio 6:1. The step coverage is ~ 80% for a film grown at 200 °C using 0.4 mTorr ammonia for 
the same aspect ratio; the growth condition is identical to the conditions used to afford a 
superconducting films with Tc = 4.5 K.  Lower ammonia pressures afford superconducting films 
at each growth temperature, while conformality is maintained with a step coverage of ~ 80%. 
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The high conformality along with high growth rates, 0.33 and 1.2 nm/min for films grown at 150 
and 200 °C respectively, indicates that CVD is a desirable process for coating complex shapes 
and structures.  It should also be possible to fill nanoscale via or trenches, provided that the 
sidewalls have a few degrees of outwards taper to avoid the formation of a low-density seam 
along the centerline [33]. 
3.5 Conclusions 
Low temperature CVD is used to deposit thin films of molybdenum carbo-nitride from 
Mo(CO)6 and NH3 in the temperature range 150 - 300 °C. Film compositions of MoC0.48N0.2 to 
MoC0.36N0.33 are achieved by increasing ammonia pressure from 0.3 to 3.3 mTorr at a constant 
precursor pressure of 0.01 mTorr and substrate temperature of 200 °C. At a constant Mo(CO)6 
pressure of 0.01 mTorr and NH3 pressure of 2 mTorr, the composition is ~ MoC0.5N0.3 from 150 
to 200 °C, MoC0.32N0.27 at 250 °C, and MoC0.12N0.40 at 300 °C.  Films are highly conformal in 
trenches of aspect ratio 6:1, and are composed of nanocrystalline grains of one or mixture of 
cubic Mo2C and Mo2N phases. Superconducting critical temperatures of 4.7, 4.5, and 5.2 K are 
reported for films grown at 150, 200, and 250 °C, respectively. 
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3.6 Figures 
 
 
 
 
 
 
 
 
 
 
Figure 3.1. Film composition vs. ammonia pressure at constant growth temperature of 200 °C 
and precursor pressure of 0.01 mTorr. 
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Figure 3.2. Film composition vs. temperature at constant precursor and ammonia pressures of 
0.01 and 2 mTorr, respectively. 
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Figure 3.3. Superconducting critical temperature of molybdenum carbo-nitride films grown at 
substrate temperatures of 150-250 °C.   
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Figure 3.4. a) GIXRD pattern of superconducting molybdenum carbo-nitride films grown at 
substrate temperatures of 150-250 °C. Peak positions are consistent with cubic Mo2C and Mo2N. 
b) GIXRD pattern of molybdenum carbo-nitride films grown at 250 °C with 0.3 and 2.5 mTorr 
of ammonia. 
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Figure 3.5. Cross-sectional SEM micrographs of trenches with aspect ratio 6:1 conformally 
coated with molybdenum carbo-nitride at a) 150 °C and b) 200 °C.   
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CHAPTER 4 
CHEMICAL VAPOR DEPOSITION OF MNXNY FILMS FROM 
BIS(2,2,6,6-TETRAMETHYLPIPERIDIDO)MANGANESE(II) 
AND AMMONIA 
4.1 Abstract 
Thin films of manganese nitride MnxNy are grown by chemical vapor deposition using 
the new precursor bis(2,2,6,6-tetramethylpiperidido)manganese(II), Mn(tmp)2 = Mn(NC9H18)2, 
with ammonia as a co-reactant. This precursor can be prepared in high synthetic yield and has 
good thermal stability at room temperature; it is one example of a new class of precursors that 
have the potential to deposit late transition metal nitrides. Under low-pressure CVD conditions, 
the precursor reacts with ammonia to afford MnxNy thin films in the temperature range 50-
350 °C. The stoichiometric ratio x/y is 2.3-2.5 for all growth conditions used, with oxygen and 
carbon impurities each < 1 at. % in the bulk as analyzed by XPS. The MnxNy films are X-ray 
amorphous and are characterized by low rms surface roughness, 0.4-0.7 nm. Film thickness 
profiles on trench substrates indicate that growth contains species of both high and low sticking 
probability. The proposed mechanism of film growth is a combination of gas phase and surface 
transamination between the precursor and ammonia to afford reactive intermediates responsible 
for film growth. 
4.2 Introduction 
As a class, manganese nitrides, MnxNy, have solid-state properties that make them 
attractive for spintronic, magnetic, and microelectronic applications [1-5]. The antiferromagnetic 
η-phase, Mn3N2 [6-8], the ferromagnetic ε-phase, Mn4N [4, 9], the antiferromagnetic ζ-phase, 
Mn5N2 [5] and the high nitrogen content θ-phase, Mn6N5 [7] have been reported as bulk nitrides 
[5] or as thin films deposited by physical vapor deposition [4, 8, 9]. All phases exhibit metallic 
behavior at room temperature [2]; the η-phase is a superconductor with a critical temperature Tc 
of 4 K [10].    
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In addition to their utility as magnetic materials, manganese nitrides are also of interest as 
copper diffusion barriers in integrated circuits[11-13].  For this application, the diffusion barrier 
must be applied as a conformal [14-18] coating in high aspect ratio (depth/width) features. 
Because CVD is well suited to coat features conformally [14, 18-21], it is desirable to develop 
chemical vapor deposition (CVD) routes to manganese nitride films.  In contrast to the numerous 
reports of CVD processes for early first row transition metal nitrides such as titanium nitride [22-
25], there have been only two reports of manganese nitride growth by CVD [11, 26].  Gordon et 
al. reported the CVD of the cubic ε-phase of Mn4N from bis(N,N-diisopropylpentylamidinato) 
manganese(II) and ammonia at 130 °C.  The growth was conformal in vias of aspect ratio 52:1, 
and a 2.5 nm thick film performed well as a copper diffusion barrier [11].  We recently reported 
the growth of crystalline η-phase, Mn3N2-x (x ~ 0.7), from bis[di(tert-butyl)amido]manganese(II) 
and ammonia at temperatures between 80 and 200 °C [26].   
The scarcity of CVD routes to manganese nitrides is due to the limited availability of 
precursors that possess all of the required properties, i.e., good synthetic yield, thermal stability 
in the source container, sufficient vapor pressure, and a reaction pathway that affords the desired 
phase with low impurity content at modest substrate temperature [27-30].  Because the di(tert-
butyl)amine ligand is relatively difficult to synthesize [31], we recently developed a new class of 
transition metal amido precursors based on the 2,2,6,6-tetramethylpiperidide (tmp) ligand, which 
can easily be prepared by deprotonation of commercially available 2,2,6,6-tetramethylpiperidine.  
The manganese and iron tmp complexes can be synthesized in high yield, are thermally stable at 
room temperature, and have relatively high vapor pressures.  Accordingly, they are promising 
candidates for the deposition of late transition metal nitrides by CVD. Here we employ 
bis(2,2,6,6-tetramethylpiperidido)manganese(II), Mn(tmp)2, in combination with ammonia, to 
grow manganese nitride films by CVD.  Smooth, conformal, and X-ray amorphous films are 
produced over the temperature range 50-350 °C using a range of precursor and ammonia 
pressures. 
4.3 Experimental 
Manganese nitride (MnxNy) films are deposited in a turbopumped, cold wall, high 
vacuum chamber described previously [32, 33].  The growth temperature, measured by a K-type 
thermocouple in contact with the radiatively heated sample holder, is varied between 25 and 350 
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°C. The Mn(tmp)2 precursor (Figure 1) is a solid at room temperature and melts at 50 °C.  The 
stainless steel precursor container is heated to 60 °C in a water bath to increase the partial 
pressure of the precursor without inducing measurable decomposition.  The Ar carrier gas passes 
through the container at flow rates of 5-40 sccm to deliver precursor to the chamber; the chamber 
pressure due to the Ar plus entrained precursor is 0.45-4.10 mTorr, measured before film growth 
(i.e., with the substrate unheated).  The flow of ammonia co-reactant is regulated with a 
multistage needle valve and delivered through an independent gas line to create a steady state 
partial pressure of 0-13 mTorr, also measured before film growth.  The gas delivery lines are 
pointed toward the substrate; the forward-directed component increases the local fluxes at the 
substrate by an estimated factor of 2-3 over that due to the isotropic partial pressures.   
MnxNy films are deposited on native oxide covered Si(100) substrates.  Thickness and 
microstructure are determined from cross-sectional SEM images taken on a Hitachi S4800.  
Atomic composition and elemental binding energies are measured by XPS on a PEI5400, using 2 
min of surface sputtering by 3 kV Ar
+1
 ions; selected scans are performed in high-resolution 
mode as noted.  Compositional depth profiles are obtained by AES on a PEI660.  Film 
crystallinity is investigated by ω-2θ XRD on a Philips Xpert.  In-situ spectroscopic ellipsometry 
(SE) taken on a J. A. Woollam F2000 is used to monitor film nucleation and growth in the 
photon energy range 1.20-5.05 eV.  An Asylum AFM is used to determine the surface roughness 
and to search for pinholes larger than the effective tip radius. Thickness and roughness of films 
thinner than 5 nm were measured by XRR on a Philips Xpert. 
4.4 Results and discussion 
4.4.1 Film composition and growth  
MnxNy films grown from Mn(tmp)2 and ammonia are generally similar to those obtained 
from the related amido precursor Mn[N(t-Bu)2]2 and ammonia 
[26]
.  For films grown with 5-40 
sccm of precursor in Ar, with 0.1-6.0 mTorr of ammonia, XPS reveals a bulk Mn:N ratio of 2.3:1 
to 2.5:1 for all growth temperatures between 50 and 350 °C.  The Mn 2p3/2 and N 1s binding 
energies of 641.3 and 396.6 (Figure 2) are consistent with the reported values of 641.5 and 396.5 
eV, respectively, in the manganese nitride, MnN, phase 
[34]
.  For all films, no carbon 
contamination is detectable within the XPS limit of ~ 1 at. %.   
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It is important to note that this precursor is highly moisture sensitive, so oxygen or water 
background in the growth systems leads to oxygen contamination of the film. In standard 
experiments, in which the film is transferred from the growth system through air to the XPS 
system, films grown at 50-350 °C contain 15-18 at. % oxygen. We attempted to reduce this level 
by (i) using high purity ammonia that had been dried with solid sodium, and (ii) pumping the gas 
delivery lines for an extended time before growth to minimize background contamination.  Films 
grown with these procedures have reduced oxygen content of 7-8 at. %.  Then, to identify the 
possible role of air exposure, we grew films at 50-250 °C and (iii) capped them in-situ with a 
thick layer of CVD grown HfB2, which is a highly impermeable diffusion barrier. These films 
had 6-7 at. % oxygen, showing that oxygen impurities are incorporated mostly during growth (6-
7 at. %) and only slightly (~ 1 at. %) upon air exposure.   
For 30 sccm of precursor in Ar flow and 1 mTorr of ammonia pressure, film nucleation at 
150 °C occurs within 2-3 minutes after exposure of the substrate to the reactant gases, as 
measured by SE. Subsequently the growth rate is constant at 0.6 nm/min, independent of 
substrate temperature.  Increasing the ammonia pressure from 0.1 to 13 mTorr at a substrate 
temperature of 250 °C decreases the growth rate from 0.7 to 0.4 nm/min; this behavior is 
probably due to an increase in the gas phase scattering of precursor away from the substrate, but 
inhibition of surface reactivity by site blocking could also play a role [19, 35-37]. In the growth 
chamber, the distance between the outlet of the precursor dosing tube and the substrate is ~ 4 cm; 
for a total chamber pressure of ~ 1.3 mTorr, the mean free path in the gas phase is smaller than 
this separation, hence, scattering collisions will occur.   
There is no film growth at all in the absence of ammonia; this result indicates that 
transamination reaction with ammonia is required to create Mn-NH2 groups that react on the 
growth surface to form the nitride film and 2,2,6,6-tetramethylpiperidine as a volatile by-product, 
similar to the mechanism of film growth from other metal amido precursors in the presence of 
ammonia [26, 38-40]. The absence of carbon in the deposited films indicates that transamination 
goes to completion.  The gas-phase transamination is possibly facilitated by the presence of Ar, 
which increases the frequency of gas-phase collisions relative to surface collisions.   
When growth is conducted at room temperature using 30 sccm of precursor in Ar and 1 
mTorr of ammonia, the films have a porous, sponge-like microstructure (Fig. 3). Ex-situ AES 
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depth profiling shows that deposit is manganese oxide with a Mn/O ratio of 1:1, with no carbon 
or nitrogen detectable in the film.  It is likely that the as-deposited material contained un-reacted 
non-volatile oligomers of manganese amido and imido species that subsequently hydrolyze upon 
air exposure.  XPS high resolution scans show binding energy of 641.1 eV for Mn 2p3/2 and a 
satellite peak, consistent with the presence of the +2 oxidation state in MnO.  
4.4.2 Film microstructure, roughness, and conformality 
SEM cross-sectional images indicate that the MnxNy films have a dense, slightly 
columnar structure (Fig. 4 a,b).  For 30 nm thick films grown from 30 sccm of precursor in Ar 
and 1 mTorr of ammonia, the rms roughness is almost independent of temperature:  0.4 nm for 
growth at 50 °C and 0.5 nm for growth at 150 °C. There is a weak dependence of roughness on 
pressure, however:  the roughness is 0.7 nm for 25 nm thick films grown from 30 sccm of 
precursor in Ar and 0.2 mTorr of NH3 at 250 °C.   
Initial nucleation appears to be fast:  for a 2.5 nm thick film grown under 30 sccm of 
precursor in Ar and 1 mTorr of ammonia, XRR reveals a roughness of 0.3 nm; this low value is 
consistent with the formation of a large areal density of small islands that rapidly coalesce to 
give a uniform thickness [37, 41]. No pinholes are detected by AFM. The excellent smoothness 
and lack of pinholes for small film thicknesses are favorable results for device applications, e.g., 
as diffusion barriers in the microelectronics industry. 
The conformality of the manganese nitride films was investigated by performing growth 
on microtrench of aspect (depth/width) ratio of 3.5 etched in a SiNx layer.  SEM cross-sections 
reveal an unusual combination of features (Fig. 4 c) .  The film thickness on the top surface is 
much larger than on the trench walls, and the columns of the microstructure are oriented towards 
the direction from which the flux arrived; the latter is especially clear at the upper corners of the 
trench opening.  The large thickness on surfaces directly exposed to the gas phase indicates the 
existence of growth species with relatively high reactive sticking coefficient, which may be the 
result of gas-phase transamination.   
In contrast, the deposit on the sidewalls of the trench tapers gradually from the opening to 
the bottom, is asymmetric, and the total amount of material deposited within the trench is almost 
twice that which would have accumulated on a top surface with the same area as the trench 
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opening. Note that the gas delivery lines in the chamber point toward the substrate at a slightly 
off-normal angle, which is the probable source of the asymmetry.  These observations are 
consistent with growth from a species with a reactive sticking coefficient somewhat less than 
unity, such that a fraction of the flux reacts on the first wall impact to create the asymmetry, but 
the unreacted fraction of the flux desorbs, strikes the opposite wall, and reacts after that or 
subsequent desorption/impact steps to create a partially conformal deposit. 
We interpret that the existence of a growth component with a relatively low sticking 
coefficient is the result of surface transamination, i.e., the precursor may collide with a wall but 
desorb again before transamination converts it to a non-volatile intermediate that eventually 
affords film. We have previously modeled the coverage of a trench using the approximation of a 
cavity with a reaction probability of β per wall collision and a probability of particle loss out 
through the opening through which the particles originally entered 
[42]
.  Despite its conceptual 
simplicity, for trench aspect ratios similar to those used in the present work, this formalism 
agrees closely with the results of detailed Monte-Carlo transport simulations.  Using the cavity 
analysis, the present data are consistent with a sticking probability within the trench of ~ 0.45.   
4.4.3 Film crystallinity and diffusion barrier properties 
The manganese nitride films are X-ray amorphous (spectra not shown for brevity).  Some 
films grown at temperatures higher than 150 °C show a small degree of crystallinity, consistent 
with the η-phase Mn3N2 embedded in a matrix of amorphous film.  This finding is in contrast to 
the films grown from Mn[N(t-Bu)2]2 and ammonia, which are partly or fully crystalline at 
temperatures as low as 80°C [26].  The reasons for this difference are not understood. However, 
many of the latter films had crystalline islands embedded in an amorphous matrix, i.e., the 
formation of crystalline regions evidently required a nucleation step.  A modest difference in the 
rate of crystalline nucleation associated with the different precursors or the substrate surface 
could account for the observations. 
The performance of MnxNy as a copper diffusion barrier was evaluated as follows.  200 
nm of copper was e-beam evaporated onto a 15 nm thick, air-exposed MnxNy film on SiO2, then 
the structure was annealed at 500 °C under an Ar + N2 atmosphere for an hour.  After annealing, 
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AES was unable to detect copper in the SiO2; by contrast, in a companion sample that lacked the 
MnxNy barrier layer, copper was easily detected throughout the SiO2.   
4.5 Conclusions 
High quality MnxNy thin films have been deposited from a novel precursor, Mn(tmp)2, 
and ammonia at 50-350 °C. The films have a Mn/N ratio of 2.3:1-2.5:1, independent of the 
precursor and ammonia pressures used, i.e., the processing window for the growth of nitride 
films is very wide. The MnxNy films are very smooth, with rms surface roughnesses of 0.4-0.7 
nm for films grown under a variety of conditions. The films are mostly X-ray amorphous, 
although some broad peaks due to a crystalline η-phase Mn3N2 phase can be seen for films 
grown above 150 °C.  Preliminary measurements indicate that the MnxNy thin films perform well 
as copper diffusion barriers.   
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4.6 Figures 
 
 
Figure 4.1  Structure of Mn(tmp)2 (2 dimensional schematic). 
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Figure 4.2.  High resolution XPS spectra of MnxNy film grown using 40 sccm of Ar carrier gas 
containing Mn(tmp)2 and 1 mTorr of NH3 at a substrate temperature of 150 °C.  Peaks 
correspond to reported “MnN” phase:  a) Mn 2p3/2 and b) N 1s. 
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Figure 4.3.  a) Cross sectional SEM micrograph of film grown with 10 sccm of Ar carrier gas 
containing Mn(tmp)2 and 3 mTorr of NH3 at a substrate temperature of 25 °C.  b) AES depth 
profile analysis for the film in a); it is manganese oxide, believed to result from a low rate of 
reaction with ammonia, but a non-zero rate of reaction with residual gases in the system, at this 
temperature.   
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Figure 4.4.  Cross sectional SEM micrographs of MnxNy film grown with 10 sccm of Ar carrier 
gas containing Mn(tmp)2 and 3 mTorr of NH3 at substrate temperatures of a) 50 °C and b) 250 
°C; c) microtrench with depth/width ratio of 3.5 grown at 150 °C, revealing the simultaneous 
existence of directional and conformal components of growth kinetics. 
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CHAPTER 5 
SURFACE-SELECTIVE CHEMICAL VAPOR DEPOSITION OF 
COPPER FILMS THROUGH THE USE OF A MOLECULAR 
INHIBITOR  
5.1 Abstract 
We report a simple process for the selective deposition of copper films on RuO2, while no 
Cu nucleation occurs on thermal SiO2 or porous carbon doped oxide (CDO).  Using the precursor 
Cu(hfac)VTMS, selectivity is attained by adding a co-flow of excess VTMS to act as a growth 
inhibitor.  With precursor alone, 52 nm of Cu grows on RuO2; on CDO or on thermal SiO2, 
nucleation is delayed such that 41 or 1.3 nm are deposited, respectively.  Repeating the 
experiment with the co-flow of VTMS affords a 12 nm thick Cu film on RuO2 with roughness of 
1.8 nm.  But on CDO or thermal SiO2, the Cu deposition is only 0.10 or ~ 0.04 nm, respectively.  
AFM scans of the CDO and SiO2 surfaces are identical to the bare substrates.  The small quantity 
of Cu that is deposited must be finely distributed, presumably on defect sites; it can be etched to 
below the RBS detection limit using a co-flow of Hhfac and VTMS for few minutes at the end of 
the growth.  The process window is wide: selective growth occurs for a range of VTMS 
pressures (0.5-2.0 mTorr), growth times (up to 90 min), and growth temperatures (up to 180
o
C).   
5.2 Introduction 
The ability to achieve the selective chemical vapor deposition (CVD) of thin films on one 
type of substrate but not on others is emerging as a critical need in the fabrication of nanoscale 
devices [1-4]. One principal advantage of selective deposition is that it simplifies the 
manufacturing process by eliminating some of the patterning and etching steps.  Selective 
deposition can be achieved if there is a large difference between the nucleation rates of the 
deposited material on the surfaces in question.  This rate difference can be achieved by relying 
on intrinsic differences between the chemical reactivity of the as-prepared surfaces [5, 6], by 
activating the growth surface [3], or by passivating the non-growth surface, e.g., by covering it 
with a self-assembled monolayer (SAM) [7-11]. All of these approaches, however, suffer from a 
common problem:  it is difficult to eliminate “stray” nucleation on the intended non-growth 
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surface because defects as small as one impurity atom or dangling bond may be sufficient to 
initiate film growth [4, 12-15]. These nuclei then grow into islands that can cause device failure 
or a reliability problem. Therefore, a challenge is to eliminate stray nucleation on the non-
growth surface as completely as possible.   
For the CVD of copper from the precursor Cu(hfac)VTMS, where hfac = 
hexafluoroacetylacetonate, we have previously shown that the volatile molecule 
vinyltrimethylsilane (VTMS) serves as a growth inhibitor:  addition of VTMS reduces the Cu 
growth rate on a Cu surface by a factor of four [16] (Figure 1).  Here, we demonstrate that the 
magnitude of the rate inhibition by VTMS is much larger on other surfaces and can be used to 
afford essentially perfect selectivity:  there is rapid growth of Cu on RuO2 (generated by air-
exposure of Ru) but essentially no growth on thermal SiO2 or porous, carbon-doped SiO2 (CDO).  
We also show that the small amount of Cu that deposits on the non-growth surfaces can easily be 
etched away using a co-flow of Hhfac and VTMS for a few minutes.   
5.3 Experimental 
CVD experiments are carried out in a cold wall CVD reactor described in detail 
elsewhere
[17]
. In-situ spectroscopic ellipsometry (SE) is used to determine the onset of nucleation 
and the steady state Cu growth rate, as described in our earlier studies[16]. The most sensitive 
response may occur in the amplitude (psi) or phase (delta) data, at a particular wavelength, 
depending on the combination of the substrate layers and the optical constants of the deposited 
material [18-20]. Ex-situ atomic force microscopy (AFM) is used to detect the formation of Cu 
nuclei and to measure the surface height distribution.  Rutherford backscattering spectrometry 
(RBS) is used to determine the areal coverage of copper, which we report as an equivalent 
thickness.  Cross-sectional scanning electron microscopy (SEM) is used to examine the film 
morphology. The growth surface is e-beam evaporated Ru subsequently exposed to air, which is 
a candidate diffusion barrier material with good Cu wettability[21]. A high resolution XPS 
spectrum indicates that the air-exposed Ru is in the stable oxide form, RuO2. The non-growth 
surface is porous CDO
1
 (results hold on dense CDO as well) or thermally grown SiO2 on 
Si(100), both of which are typical dielectrics in microelectronics fabrication. 
                                                          
1
 CDO substrates were provided by the Intel Corporation. 
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The growth temperature is 100, 120, or 180
o
C; the partial pressure of the Cu(hfac)VTMS 
precursor is 0.04 or 0.10 mTorr; the partial pressure of the VTMS inhibitor is 0.5, 1, 2, or 4 
mTorr; and the growth time is 10, 30, or 90 min.  At the pressures used, gas phase collisions are 
negligible; all reactions must occur at the film growth surface. No surface pretreatment is 
performed before the substrates are loaded into the CVD reactor. In the present experiments, the 
precursor is purified by distillation so that it is free of excess VTMS, as described elsewhere 
[22].  Note that commercially available precursor typically contains an excess of VTMS or 
Cu(hfac)2 in order to enhance the shelf life against decomposition on the container walls [23-25].   
5.4 Results and discussion   
As a reference for comparison with our later results, growth of copper films onto RuO2 
by chemical vapor deposition from 0.1 mTorr of Cu(hfac)VTMS at 100
o
C for 30 min affords a 
52 nm thick film with 5.7 nm rms surface roughness (Figure 2 inset, top right AFM image).  If 
the experiment is repeated but with a co-flow of 3 mTorr VTMS during growth, the resulting 
film is 12 nm thick and has a rms surface roughness of 1.8 nm (Figure 2 inset, bottom left AFM 
image).  Thus, adding 3 mTorr of VTMS decreases the total amount of deposited copper by a 
factor of 4 compared to growth using the Cu(hfac)VTMS precursor alone. This reduction in film 
thickness is consistent with the inhibitory effect of VTMS on ruthenium oxide that we have 
described elsewhere [16].   
The effect of VTMS on the amount of deposited Cu is dramatically larger on CDO and 
SiO2 surfaces. On CDO, growth from 0.04 mTorr of Cu(hfac)VTMS at 100
o
C for 30 min affords 
41 nm Cu (Figure 3, top right).  When the experiment is repeated with a co-flow of 3 mTorr 
VTMS, the Cu film thickness is reduced to 0.10 nm (i.e., a factor of 400 less copper) and the 
height distribution of the resulting surface is identical to that of the bare substrate (Figure 3). On 
electronic grade thermal SiO2, growth from 0.04 mTorr of Cu(hfac)VTMS at 120
o
C affords 1.3 
nm Cu
 
(Figure 4 inset, top right AFM image).  With a 3 mTorr co-flow of VTMS, the Cu 
coverage is 0.04 nm and the height distribution is identical to the starting substrate (Figure 4 
inset, bottom left AFM image).   
In order to gain additional information about the kinetics, we investigated the effect of 
VTMS on the nucleation delay; this is because selective growth by definition will take place if 
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the nucleation delay on the non-growth substrate is longer than the growth time of interest on the 
growth substrate. Using the Cu(hfac)VTMS precursor alone, the nucleation delay as judged by in 
situ SE is essentially zero on CDO and ~ 30 sec on SiO2. In the presence of VTMS, Cu 
nucleation is suppressed for the 30 min duration of the experiment on CDO, and only a tiny 
change in the SE data occurs for growth times of 30 or 90 min on SiO2, Figure 5.  
The results show that a mixture of Cu(hfac)VTMS and VTMS can effect Cu deposition 
selectively on RuO2 over SiO2 or CDO.  Selective deposition is obtained over a broad range of 
substrate temperatures and inhibitor pressures; the operational boundaries of the process are 
defined by cases – with low VTMS pressure or high temperature – where stray nucleation can no 
longer be completely eliminated (Figure 6).  
The mechanistic steps responsible for the deposition of Cu from Cu(hfac)VTMS are well 
known, and involve (a) reversible adsorption of Cu(hfac)VTMS, (b) dissociation and desorption 
of VTMS, (c) disproportionation of the resulting Cu(hfac) fragments to Cu and Cu(hfac)2, and 
(d) desorption of Cu(hfac)2 (Figure 7) [26-29]. The Cu(hfac) fragments thus have two reaction 
channels:  they can react with VTMS to regenerate the Cu(hfac)VTMS precursor, or they can 
disproportionate to products.  Let us assume that the disproportionation step is irreversible under 
these low-pressure conditions, and first order in the surface coverage of Cu(hfac) fragments. 
(Similar conclusions result if we assume that the disproportionation is second order in the surface 
coverage, so that the exact molecularity of this step is not important; first order behavior can 
result if the assembly of the Cu(hfac)2 product occurs in a stepwise fashion, as it does on copper 
surfaces[30].). Under these assumptions, the deposition rate will be given by 
                 , where kr is the rate constant for the disproportionation step, kd is the rate 
constant for the dissociation of Cu(hfac)VTMS to Cu(hfac) and VTMS, ka is the rate constant for 
the associative (reverse) reaction, and θVTMS is the surface coverage of VTMS.  (The incident 
precursor flux is contained within kd and the VTMS coverage θVTMS is assumed to be in local 
equilibrium, independent of ka.)  The surface coverage of VTMS is likely to be relatively similar 
on the three surfaces (RuO2, SiO2, and CDO) because they are all oxides. 
The inhibitory effect of VTMS on the overall growth rate will therefore depend 
principally on the ratio of kr to ka.  If the ratio is large (i.e., if disproportionation is relatively 
fast), then adding VTMS will have a comparatively small effect on the overall growth rate.  If 
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the ratio is small (i.e., if disproportionation is relatively slow), then adding VTMS will have a 
comparatively large effect on the overall growth rate.  (Note that for the inhibition of Cu growth 
on Cu, the rate formalism must be modified to include the saturation of sites available to the 
inhibitor [16], an effect which accounts for the non-zero growth rate observed at high PVTMS 
(Figure 1).  That need not be considered here, where the central issue is the ratio of kr to ka.)   
We can explain all our results if the disproportionation of the Cu(hfac) fragments on the 
SiO2 and CDO surfaces is relatively slow, but relatively fast on RuO2. It is well known that the 
activation barrier for the disproportionation reaction is high on SiO2 and CDO compared to that 
on metals or semiconductors because conductive surfaces catalyze the reaction via charge 
exchange [31]. Thus Cu(hfac) on a metallic surface (air-exposed Ru or Cu) will disproportionate 
at a finite rate to afford Cu metal [32], whereas on insulating surfaces (SiO2 or CDO), Cu(hfac) 
will predominantly recombine with the VTMS inhibitor and desorb as Cu(hfac)VTMS.  This 
huge difference in kinetic rates then affords selective growth.  The small amount of Cu 
deposition seen on the oxide surfaces may be associated with nucleation events on defects or 
impurities, both of which depend on the processing history of the oxide surface.  The very small 
change in SE signal (Supplementary material) occurs at the onset of growth and then remains 
constant, which is consistent with Cu attachment on a finite number of pre-existing sites.   
Finally, we find that the small amount of Cu that does deposit on the SiO2 and CDO 
surfaces in the presence of the VTMS inhibitor (< 0.10 nm) can easily be etched away after 
growth by brief exposure to a mixture of Hhfac and VTMS. In-situ ellipsometry and RBS show 
that passing a mixture of 6 mTorr of Hhfac and 3 mTorr of VTMS over the oxide surface at 
120
o
C reduces the amount of Cu to below the detection limit within one minute. The etching step 
also removes a small amount of the Cu that has been deposited on the RuO2, but the majority of 
the copper remains.  Note that etching cannot be performed during the deposition process 
because Hhfac promotes the dissociation of Cu(hfac)VTMS, which would degrade the selectivity 
[33]. The etching reported here probably involves the formation of volatile Cu(hfac)VTMS, 
either by oxidative addition of Hhfac to the copper surface (with formation of H2), or by co-
reaction with the small amount of oxygen in the chamber background (with formation of water).  
Similar chemistry has been reported for the etching of copper oxides by Hhfac [34, 35],
,
[36] and 
the etching of copper metal by a mixture of Cu(hfac)2 and VTMS [37].   
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5.5 Conclusions 
Near-perfect selective chemical vapor deposition of Cu from Cu(hfac)VTMS is obtained 
by adding a co-flow of the growth inhibitor VTMS: Cu deposition occurs on air-exposed Ru but 
not on thermal SiO2 or on CDO.  With respect to Cu growth using the precursor alone, the use of 
VTMS decreases the deposited thickness of Cu film by a factor of 4 on RuO2 but by a factor of 
30 - 400 on SiO2 or CDO. Selectivity on oxide surfaces is explained by the rate of associative 
desorption of Cu(hfac)VTMS (which is enhanced by adding VTMS) relative to the rate of 
Cu(hfac) disproportionation.  On non-conductive surfaces the latter reaction is relatively slow, 
and addition of VTMS greatly forestalls Cu nucleation; by contrast, on conductive surfaces the 
disproportionation rate is fast and growth persists.   
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5.6 Figures  
 
 
 
 
 
 
 
 
Figure 5.1. Suppression of the steady-state growth rate of Cu on Cu from the Cu(hfac)VTMS 
precursor vs. PVTMS with Pprec. = 0.1 mTorr and Tsub.  = 100[16] or 150
o
C[38]. 
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Figure 5.2. AFM-determined height distributions and images (inset) of a RuO2 surface as a 
function of sample history: growth with Cu(hfac)VTMS precursor alone and growth with co-
flowing VTMS inhibitor.  Growth conditions: Tsub = 100
o
C, tgrowth = 3 min, Pprec. = 0.1 mTorr, 
and Pinhi. = 3 mTorr.  The composite AFM image size is 2×2 µm and the gray scale bar applies to 
both images. With VTMS co-flow, no surface height exceeds 15 nm.  
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Figure 5.3. On porous CDO, the co-flow of VTMS affords perfect selectivity. AFM images (a) 
for growth with precursor alone (top right), with VTMS co-flow (middle), and bare substrate 
(bottom left); Tsub= 100
o
C, tgrowth = 30 min, Pprec. = 0.04 mTorr and Pinhi. = 3 mTorr. The 
composite AFM image is 2×2 µm in size; the gray scale bar on the left corresponds to the bare 
substrate and the co-flow of VTMS. Height distribution (b) corresponds to the top AFM images.   
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Figure 5.4. AFM-determined height distributions and images (inset) of a SiO2 surface as a 
function of sample history: growth with Cu(hfac)VTMS precursor alone, with co-flowing VTMS 
inhibitor, and bare substrate.  Growth conditions: Tsub= 120
o
C, tgrowth = 30 min, Pprec. = 0.04 
mTorr, and Pinhi. = 3 mTorr. The composite AFM image is 2×2 µm in size; the gray scale bar 
applies to all three images. 
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Figure 5.5. Real-time ellipsometry data: the imaginary part of the complex reflectivity at a 
photon energy of 2.47 eV.  Growth on thermal SiO2 under the conditions of Figure 4.  Using the 
precursor alone, copper growth initiates after ~ 30 sec; with a co-flow of VTMS inhibitor, no 
change is detectable through the longest experimental time of 90 min (the change in Img () ~ 
0.01).   
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Figure 5.6.  Cu nucleation on dielectric substrates as a function of VTMS pressure and substrate 
temperature in 30 min depositions at a precursor pressure of 0.04 mTorr.  Open symbols: growth 
conditions for which no Cu nuclei can be detected by AFM on thermal SiO2 (circles) or on 
porous CDO (triangles).  Filled symbols: conditions that afford Cu islands on those substrates, 
i.e., perfect selectivity is not achieved.   
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Figure 5.7. Schematic representation of the individual steps in the growth of Cu from 
Cu(hfac)VTMS.  If the disproportionation reaction is faster on RuO2 than on SiO2 and CDO, 
then co-flowing VTMS will cause more associative desorption from the latter substrates, thus 
suppressing the rate of nucleation and growth.  
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5.7  Supplementary information  
  
 
 
 
 
 
 
 
 
 
 
 
Figure 5.8. Height distribution analysis shows the absence of detectable copper growth with co-
flowing inhibitor for growth times of 30 or 90 min.  The slight differences between the 
distributions are within experimental error.  The substrate is a 300 nm thick thermal SiO2, Tsub = 
120
o
C, Pprec = 0.04 mTorr, PVTMS = 3 mTorr.  
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Figure 5.9.  Real-time ellipsometry data: the ratio of amplitudes Psi at a photon energy of 2.47 
eV.  Growth on porous carbon doped oxide with Tsub = 100
o
C, Pprec = 0.04 mTorr, PVTMS = 3 
mTorr. Using the precursor alone, copper growth initiates immediately upon flowing precursor 
into the chamber.  With a co-flow of VTMS inhibitor, no change in psi occurs during the 
experimental time of 30 min.  The initial increase of ~ 1
o
 in psi is likely due to precursor 
adsorption on the high surface area within the porous CDO.   
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Figure 5.10. Real-time ellipsometry including the copper growth and etching process (on thermal 
SiO2) with Tsub. = 120
o
C, Pprec. = 0.04 mTorr, PVTMS = 3 mTorr: (i) VTMS flow turned on; (ii) 
precursor flow turned on for 30 min; (iii) precursor turned off; (iv) Hhfac turned on (through a 
separate delivery tube) with PHhfac = 6 mTorr; (v)  Hhfac and VTMS flows turned off.  The signal 
after etching by Hhfac (above 36 min) returns to the starting value (up to 3 min).  RBS analysis 
confirms the absence of copper.  
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CHAPTER 6 
AREA SELECTIVE CVD OF METALLIC FILMS FROM 
MOLYBDENUM, IRON, AND RUTHENIUM  
CARBONYL PRECURSORS:  
USE OF AMMONIA TO INHIBIT NUCLEATION ON OXIDE 
SURFACES  
6.1 Abstract 
We demonstrate area-selective chemical vapor deposition of MoCxNy, Fe, and Ru thin 
films using the carbonyl precursors Mo(CO)6, Fe(CO)5, and Ru3(CO)12, respectively. We add 
NH3 as an inhibitor that has a differential effect: film grows readily on metal and metal nitride 
surfaces but no nucleation occurs on the oxides SiO2, RuO2, TiO2, Al2O3, or MgO within the 
investigated times of 1-2 hours, i.e., the growth selectivity is perfect. In the case of MoCxNy, 
NH3 also serves as the source of N in the film and results in a conductive carbonitride with a 
room temperature resistivity of 200 μΩ-cm. The inhibition mechanism on oxides involves 
competitive adsorption of precursor and ammonia; important in this respect are the oxide surface 
charge (or acidity, which is different from oxide to oxide) and the presence of a distribution of 
surface reactive sites with different adsorption/desorption energies.  On oxides with acidic 
surface hydroxyl groups, including SiO2, RuO2, and TiO2, it is well established that OH groups 
react readily with carbonyl precursors; here, the adsorption of ammonia suppresses this 
reactivity, most likely by hydrogen bonding to the hydroxyl groups and decreasing the Brønsted 
acidity of the surface. We propose that this decrease in acidity prevents protonation-induced 
decarbonylation of metal carbonyl intermediates on the surface.  On oxides with basic hydroxyl 
groups, ammonia adsorption enhances the 'intrinsic' nucleation barrier such surfaces display 
toward carbonyl precursors.  
6.2 Introduction 
Many nanoscale electronic devices are fabricated using a top-down approach involving 
blanket film deposition, patterning, and etching steps. However, as feature sizes shrink toward 10 
nm, pattern registry becomes very difficult. A bottom-up method to guarantee pattern registry is 
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area selective deposition (ASD), in which a thin film grows selectively, for example, on metallic 
but not on dielectric surfaces. ASD thus builds upon the previously established pattern on the 
substrate and obviates the need for additional patterning and etching steps [1]. In CVD or ALD 
processes, selective growth occurs when film nucleation is inherently difficult on some surfaces 
(usually, oxides) but not on others [2-4], or when a surface is rendered passive by chemical 
termination such as by the deposition of a dense self-assembled monolayer [5-10].   
In ASD processes, selectivity is lost when nucleation commences on the intended non-
growth surface, which often is associated with defects in the surface or in the passivation 
treatments [2, 4, 11, 12]. A robust ASD process must ensure that no nucleation occurs on the 
oxide over the total time needed to deposit the desired film thickness on the metal. In CVD, we 
have previously demonstrated that this outcome can sometimes be accomplished by continuously 
injecting a suitable neutral molecular inhibitor along with the precursor: the inhibitor allows film 
growth on metal surfaces, but reduces the nucleation rate on oxide surfaces essentially to zero 
[13]. Specifically, we showed that Cu growth from the Cu(hfac)VTMS precursor on oxide 
surfaces can be inhibited by co-injecting additional VTMS. On both metal and dielectric 
surfaces, the effect of added VTMS is to promote the associative desorption of Cu(hfac) 
intermediates.  On oxide surfaces the disproportionation of the Cu(hfac) intermediates to Cu 
metal is slow compared with associative desorption, so that no nucleation occurs; in contrast, on 
metal surfaces, which promote the electron transfer necessary for disproportionation, conversion 
of the Cu(hfac) intermediates to Cu metal is faster than (but partially offset by) the associative 
desorption [13].   
Here, we report a different example of the inhibitor approach to ASD, in which we 
demonstrate that CVD film growth from metal carbonyl precursors can be completely suppressed 
on oxide surfaces by injecting NH3, a strong Lewis base, along with the precursor. We show that 
the presence of NH3 completely eliminates the nucleation of metal on oxide surfaces for the 1-2 
hour duration of the experiments performed. At the same time, film nucleation and growth occur 
readily on metallic seed layers despite the presence of NH3 in the feed gas, i.e., the approach 
affords perfect selectivity.   
We propose that the mechanism by which ammonia promotes ASD is quite different than 
in the Cu(hfac)(VTMS) system:  instead of reacting directly with the precursor, ammonia 
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passivates the surface. On acidic oxides such as SiO2, RuO2, and TiO2, it is well established that 
metal carbonyl precursors readily nucleate to form metal; here, the adsorption of ammonia 
suppresses this reactivity, most likely by serving as a base that hydrogen bonds to the hydroxyl 
groups. On basic oxides such as MgO or Al2O3, ammonia adsorption enhances the 'intrinsic' 
nucleation barrier they display toward carbonyl precursors. In the Discussion section, we 
interpret our results in the context of relevant studies of oxide surfaces from the catalysis 
literature; our results correlate well with the average surface charge (acidity) and the presence of 
a distribution of adsorption sites with different desorption energies.   
6.3 Experimental  
CVD experiments are performed in a cold wall high vacuum chamber described 
elsewhere [14, 15]. We explore the behavior of carbonyl precursors of Mo, Fe, and Ru in the 
presence of NH3.  The temperature of the Mo(CO)6 precursor reservoir is controlled in the range 
20-40 °C to set the partial pressure; this precursor flows under its own vapor pressure (i.e., with 
no carrier gas) through the delivery tube, which is heated to 55 °C to avoid condensation of 
sublimed precursor. The precursor pressure in the chamber is 0.01-0.03 mTorr. The Fe(CO)5 
precursor is cooled to 0 °C in an ice bath and the precursor pressure is controlled by a needle 
valve to establish a partial pressure in the chamber of 0.01 mTorr. The Ru3(CO)12 precursor is 
heated in the reservoir to 85 °C and is delivered to the chamber by means of 50 sccm of Ar as a 
carrier gas. Research grade ammonia (99.9992 %) is delivered through a separate gas line, 
regulated by a mass flow controller to establish a partial pressure of 1-20 mTorr in the chamber. 
All the gas delivery lines are pointed towards the substrate; hence the local fluxes are higher than 
those suggested by the isotropic background pressure.  
The substrate is heated radiatively to a temperature of 130-225 °C, as measured by a K-
type thermocouple attached to the sample holder. The following substrates are used with no pre-
treatment following their preparation in other facilities on our campus: 300 nm thermal SiO2 
(microelectronic grade) / Si; 10 nm e-beam Ru / SiO2 / Si; 50 nm CVD MgO / Si [16]; 8 nm 
ALD Al2O3 (doped with some TiO2) / Si (precursors include trimethylaluminum and 
tetrakis(dimethylamido)titanium and water); 20 nm e-beam deposited Ti / Si which is then 
oxidized under ozone in air for 1 hour; and 60 nm of e-beam Ti / Si which is stored under Ar to 
minimize oxide formation. XPS confirms the presence of RuO2 on the surface of the air-exposed 
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Ru film. In some experiments, a 1-2 nm seed layer of VN is grown in-situ on thermal SiO2 by 
CVD using tetrakis(dimethylamido)vanadium and ammonia.   
Film thickness and microstructure are determined from cross-sectional and top-view 
SEM images. Compositional depth profiles are obtained by AES with sputtering. The onset of 
nucleation and the growth are monitored by real-time spectroscopic ellipsometry (SE); for each 
substrate-film combination, we report change in the angle delta at a single energy, 2.65 eV, 
which provides the greatest sensitivity to the onset of nucleation, as discussed previously [13]. 
Ex-situ AFM (2 x 2 µm scan area), XRR, RBS, TOF-SIMS, and high resolution XPS are used to 
detect the formation of nuclei on the non-growth surfaces.  
6.4 Results 
6.4.1 Control studies of deposition from Mo(CO)6 on metal oxide surfaces  
We initially investigated the chemical vapor deposition of molybdenum-containing films 
from the carbonyl precursor Mo(CO)6 on different oxide substrates in the absence of any co-
reactant. The onset temperature for Mo(CO)6 thermolysis is 150 °C. For growth at 200 °C using 
0.010 mTorr of precursor, there is a relatively short nucleation delay of 5 min on SiO2, after 
which growth reaches a steady-state rate of roughly 8 nm/min (Figure 1). Growth at 200 °C 
affords a molybdenum carbide film with 15 at. % oxygen contamination. When a film is grown 
under identical conditions and capped in-situ with HfB2 (which protects against post-growth 
oxidation in air), the oxygen content is only slightly less, 13 at. %, which indicates that the 
oxygen contamination in the film originates mostly from carbonyl decomposition and not from 
post-growth air exposure. The film surface is rough, which is indicative of sparse nucleation 
(Figure 1b) [17, 18]. By contrast, there is no nucleation delay on RuO2 or TiO2 surfaces; a 70 nm 
thick film grows within 9 minutes, with a growth rate of 8 nm/min.   
Under the same experimental conditions, no change in the ellipsometry signal occurs, i.e., 
no nucleation takes place, on MgO or Al2O3 substrates for growth times of 22 and 35 min, 
respectively, after which a small deviation indicates the onset of nucleation (Fig. 1 inset). The 
surface roughness of the Al2O3 substrate after 20 min of attempted growth is identical to that of 
the bare substrate. High-resolution XPS and RBS measurements do not detect Mo on the MgO 
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and Al2O3 substrates after 20 min of attempted growth. Thus, MoCx growth occurs quickly on 
SiO2, RuO2, and TiO2, but there is a significant nucleation barrier on Al2O3 and MgO, as 
discussed further below.   
6.4.2 Inhibition of nucleation and growth from Mo(CO)6 on oxide surfaces by 
ammonia 
The nucleation rate of MoCxNy on SiO2, RuO2, and TiO2 substrates at 200 °C is reduced 
essentially to zero when ammonia is co-flowed with the Mo(CO)6 precursor. For example, at 
0.01 mTorr of precursor and 1.8 mTorr of ammonia on SiO2 at 200 °C, no nucleation is detected 
even after 120 min, as compared with deposition of nearly 200 nm in the absence of ammonia 
after 30 min (Figure 2a,b). AFM images of samples exposed to Mo(CO)6 and ammonia for 30, 
60, and 120 min are identical to bare SiO2 substrate (Figure 2c).  
When the ammonia co-flow experiment is repeated at a higher precursor pressure, 0.025 
mTorr, while keeping the ammonia pressure at 1.8 mTorr, some nucleation can be detected after 
15 min. But nucleation at the higher precursor pressure can be inhibited simply by increasing the 
pressure of ammonia:  in a third experiment at a precursor pressure of 0.025 mTorr and an 
ammonia pressure of 3.7 mTorr, no nucleation occurs after 60 min. AFM scans of the surface 
treated under these conditions show no nuclei and XPS detects no molybdenum. These data 
suggest that the inhibition effect is consistent with competitive adsorption of Mo(CO)6 and 
ammonia, in which a steady-state population of ammonia on the surface must be established to 
prevent reaction of the carbonyl precursor. 
Similar results are seen on TiO2 at 200 °C: in contrast to the rapid nucleation and growth 
that take place on TiO2 from 0.020 mTorr of Mo(CO)6 in the absence of ammonia, there is no 
nucleation when 3.5 mTorr of ammonia is co-flowed with the precursor, even after 30 min. On 
RuO2, the effect of ammonia is still dramatic but not quite as complete: after a RuO2 surface is 
exposed at 200 °C to 0.025 mTorr precursor and 3.7 mTorr ammonia for 30 min, AFM detects a 
very small number of nuclei: ~ 10 nuclei/μm2. It is possible a higher ammonia pressure would 
decrease the nucleation density even further. 
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Finally, we investigated the effect of ammonia on MgO and Al2O3, two surfaces for 
which there is a significant nucleation delay (intrinsic selectivity) when exposed to Mo(CO)6 at 
200 °C, even in the absence of ammonia.  On these two surfaces, co-flow of ammonia 
significantly extended the nucleation delay:  even after 40 and 65 min of exposure, respectively, 
XRR data indicate no change from the bare substrates (Figure 3), and ellipsometry and AFM 
show the absence of any nuclei, RBS also confirms the absence of molybdenum on all the 
surfaces.  
6.4.3 Nucleation and growth from Mo(CO)6 on metal and metal nitride 
surfaces in the presence of ammonia 
In contrast to the above results (and highly significant in the context of surface-selective 
deposition), ammonia does not inhibit nucleation and growth from Mo(CO)6 on clean metal and 
metal nitride surfaces. Two surfaces were investigated: an in-situ grown vanadium nitride and an 
e-beam deposited titanium film protected from atmospheric oxidation during transfer to the CVD 
chamber. Using Mo(CO)6 and ammonia pressures of 0.025 and 3.7 mTorr, respectively, no 
nucleation delay is observed on these surfaces at 200 °C by in-situ ellipsometry; 19 nm of film is 
deposited during a 20 min growth time. AES depth profiles show that the films contain 20 at. % 
nitrogen and 21 at. % carbon; the oxygen content is 3-4 at. % after air exposure. Thus, the film 
composition is best described as MoC0.36N0.35. The significant nitrogen content is consistent with 
the known ability of vanadium nitride, molybdenum carbide, and molybdenum nitride surfaces to 
catalyze ammonia decomposition at this deposition temperature [19-21]. The MoC0.36N0.35 
samples in this study are metallic and have room temperature resistivities of 200-300 μΩ-cm.  
6.4.4 Area-selective growth on patterned substrates and bottom-up filling 
On a patterned substrate of Ti / SiO2, growth from 0.025 mTorr Mo(CO)6 and 3.7 mTorr 
ammonia at 200 °C affords film only on the metallic areas of the pattern, with no deposition on 
oxide as evidenced by Auger elemental mapping (Figure 4).  This perfectly selective growth 
process can also be used to effect the bottom-up filling of trenches and vias. Using the same 
growth conditions as above on a pattern of vias each consisting of SiO2 sidewalls and a Nb film 
on the via bottom, growth occurs only at the base of the via with no nucleation on the sidewalls 
(Figure 5).  
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6.4.5 Inhibition of nucleation and growth from Mo(CO)6 on native  
oxide surfaces by ammonia 
When silicon nitride is exposed to air, a silicon rich and nitrogen depleted native oxide 
forms, terminated by Si-OH sites, similar to those present on SiO2 surface [22]. Consistent with 
this finding, SiN, Ti, TiN, and Si substrates covered with their native oxides respond to ammonia 
as other oxide surfaces do: thus, 3.7 mTorr ammonia completely inhibits nucleation from 0.025 
mTorr of Mo(CO)6 at 200 °C. This result raises the possibility that selective inhibition of growth 
from a carbonyl precursor on Ti, TiN, and Si and other non-oxide substrates can be achieved by 
first forming a coat of native oxide. After selective deposition on other surfaces in the presence 
of ammonia, the native oxide can be etched off or chemically reduced to return the surface to its 
original state.   
6.4.6 Process window and reversibility of inhibition on oxide surfaces by 
ammonia 
We find that the temperature window for inhibition of CVD from Mo(CO)6 on thermal 
SiO2 is approximately 150-210 °C, for ammonia pressures within the mTorr range.  
At 150 °C and 0.02 mTorr Mo(CO)6 pressure, a relatively small ammonia pressure of 1.5 
mTorr is enough to inhibit growth on SiO2 altogether. Interestingly, when the ammonia flow to 
the growth chamber is stopped during a CVD experiment, nucleation occurs within a few 
seconds on SiO2 and other acidic oxide substrates as judged by in-situ ellipsometry. This result 
suggests that ammonia inhibition is a reversible process, most likely involving reversible 
adsorption to the oxide surface.  The mean residence time of ammonia on SiO2 is estimated from 
the desorption energy of 0.43 eV to be  ~ 1.7 × 10
-8
 sec at 150 °C, and is certainly shorter at 
higher temperatures; thus, the finding that the surface instantly becomes active for nucleation 
upon interruption of the ammonia co-flow is consistent with the known residence time.  
In contrast, at substrate temperatures higher than 210 °C, ammonia no longer is able to 
prevent inhibition on SiO2 indefinitely:  for example, at 225 °C using 0.02 mTorr precursor and a 
higher ammonia pressure of 9 mTorr, nucleation occurs after a 13 min delay.   
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6.4.7 Extension to other inhibitors 
Amines other than ammonia (pKa = 9.25) can adsorb on oxide surfaces; among these (in 
order of decreasing basicity) are dimethyl amine (pKa = 10.73), methylamine (10.66), 
trimethylamine (9.8), and pyridine (5.23). We performed selected experiments using 0.025 
mTorr of Mo(CO)6 and 3.7 mTorr of pyridine on SiO2 at 200°C. In a 40 minute experiment, the 
real-time ellipsometry signal changed only very slightly; AFM scans indicated the presence of 
just a few nuclei spaced by ~ 1 µm. The experiment was then repeated but after 30 minutes, the 
pyridine flow was cut off and the precursor flow continued for another 20 minutes. Nucleation 
and growth happened very slowly in the presence of precursor only and the ellipsometry signal 
change was consistent with growth with pyridine present. This is in sharp contrast with the 
results of a similar experiment using NH3 as the inhibitor, in which nucleation occurred shortly 
after the inhibitor flow was stopped. When growth is done using precursor and pyridine on a 
seed layer of vanadium nitride, the growth rate on the metallic substrate is much lower that when 
using ammonia, i.e., pyridine also tends to inhibit film growth.  
6.4.8 Selective growth of Fe from Fe(CO)5 and of Ru from Ru3(CO)12 in the 
presence of ammonia 
The ability of ammonia to inhibit nucleation and growth on metal oxide surfaces extends 
to other metal carbonyl precursors. On thermal SiO2, 0.01 mTorr of Fe(CO)5 alone affords a high 
coverage of  islands > 100 nm tall after 9 min at 130-150 °C (Figure 6a); but under the same 
conditions plus a co-flow of 10-18 mTorr of ammonia, AFM indicates that no nucleation occurs 
at all at 130 °C, and only ~ 0.25 nuclei/μm2 are present at 150 °C (Figure 6b, c). High resolution 
XPS detects no iron on the substrate. The inhibition is still effective after a growth time of 20 
min.  
On MgO substrates, growth from 0.01 mTorr Fe(CO)5 in the absence of ammonia is 
characterized by a long nucleation delay, over 40 min at 150 °C, as evidenced by in-situ 
ellipsometry and ex-situ high resolution XPS. The observed nucleation delay on MgO but not on 
SiO2 in the absence of ammonia is consistent with the results reported above for Mo(CO)6.  
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In contrast, Fe deposits rapidly from Fe(CO)5 on metal and metal nitride surfaces, even in 
the presence of ammonia. For example, a 50 nm thick Fe film grows in 20 minutes on a VN seed 
layer or on a Ti substrate at 130 °C using 0.01 and 10 mTorr of precursor and ammonia, 
respectively.  An Auger depth profile indicates incorporation of 3 at. % nitrogen in the Fe film, 
along with 2 at. % carbon and 1 at. % oxygen. On a patterned substrate of Ti / SiO2, growth 
occurs only on Ti with no Fe detected on SiO2 by AES. 
Ru CVD from Ru3(CO)12 behaves in the same manner as for Fe(CO)5. At 150 °C in the 
absence of ammonia, nucleation and growth occurs readily on SiO2 (Figure 7a). A co-flow of 10 
mTorr ammonia completely shuts down nucleation (Figure 7b), whereas Ru nucleation and 
growth occur easily on Ti and VN. 
Finally, selected samples were analyzed by TOF-SIMS to determine how much Mo, Fe, 
or Ru metal (if any) had been deposited on oxide substrates in the presence of ammonia for 
acidic oxides, or in the absence of ammonia on basic oxides. The metal/substrate count ratios in 
all cases were less than 0.001, confirming the highly effective inhibition process investigated 
here (details in the Supplementary Information). 
6.5 Discussion 
6.5.1 Reactivity of metal carbonyls on oxide surfaces 
We have shown that, at relatively low temperatures in the absence of ammonia, CVD 
from metal carbonyls shows little or no nucleation delay on some oxides (such as SiO2, TiO2, 
and RuO2) but long nucleation delays on other oxides (such as MgO and Al2O3).  Our findings 
are consistent with studies of the formation of metal nanoparticle catalysts on oxide supports 
from metal carbonyl precursors at similar temperatures [23-25]. For example, molybdenum and 
its compounds constitute a well-known group of heterogeneous catalysts for dehydrogenation 
and metathesis of alkenes; the chemistry and kinetics of catalyst formation have been studied 
extensively [24, 26-28]. The reaction to form molybdenum nanoparticles occurs readily on SiO2 
but not on Al2O3; the difference has been attributed to differences in the reaction pathway on 
oxides with acidic vs. basic hydroxyl groups, discussed below [23, 29].  
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Oxide surfaces, unless vacuum annealed at high temperature, are always hydroxylated 
because the -OH termination lowers the surface energy. The character of the -OH group can, 
however, be either acidic or basic; as a guideline, a hydroxyl group becomes more acidic with an 
increase in the covalency of the bulk metal-oxygen bond [30] or with an increase in the 
charge/radius ratio of the cation (Si, Ti, Al, Mg, etc.) to which the hydroxyl group is bound [31]. 
The average acidity can be characterized by the isoelectric point (IEP), which is the pH value of 
an aqueous solution needed to establish zero net charge on the oxide surface. Acidic hydroxyl 
groups have a negative surface charge in liquid water at neutral pH, so that the pH has to be 
lowered to obtain a neutral surface charge, and conversely for basic hydroxyls [30, 32, 33]. The 
oxides SiO2, RuO2, and TiO2 have acidic hydroxyl groups with IEPs of 2.2, 4.2, and 4-6, 
respectively; MgO and Al2O3 have basic hydroxyl groups with IEPs of 12 and 8-9, respectively 
[34]. IEP values decrease slightly with increasing temperature, but higher temperatures will not 
convert basic hydroxyl groups to acidic ones [35]. Interestingly, some mixed oxides have 
hydroxyl groups that are more acidic than those in either of the binary constituents [36-38]: for 
example, alumina supported on silica is more acidic than either silica or alumina alone [39].  
We find that the reaction of Mo(CO)6 on acidic oxide surfaces in the absence of ammonia 
leads to rapid nucleation and growth of MoOxCy films. Consistent with this finding, Mo(CO)6 
dissociatively adsorbs on the (100) face of hydroxylated TiO2 above -50 °C and no stable sub-
carbonyls are detected [40]. Instead, exposure of the TiO2 surface at 130 °C to Mo(CO)6 results 
in the formation of metallic Mo and graphitic C on the surface [40]. On basic surfaces, however, 
TPD experiments suggest that stable sub-carbonyls are formed which do not further react at low 
temperatures [41].  For example, on Al2O3, Mo(CO)6 reacts to form film only above 400 °C. 
TPD experiments show that, on this surface, Mo(CO)6 loses CO in two steps, each step involving 
desorption of 3 CO molecules per precursor molecule; this result suggests the formation of stable 
adsorbed Mo(CO)3 species after the first step, and removal of remaining three CO groups in the 
second step only at 400 °C, a higher temperature than the present experiments [29].  
On acidic oxides such as SiO2, Ru3(CO)12 reacts with surface OH groups to form the 
grafted cluster HRu3(CO)10(OSi≡), which decarbonylates completely upon being heated to 200 
°C [42, 43]. On strongly basic oxides such as MgO, Ru3(CO)12 reacts with OH groups to form 
stable anionic carbonylruthenate species [HRu3(CO)11]
-
 that decarbonylates completely only at 
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temperatures above 350 °C [44]. On the mildly basic oxide La2O3, adsorption of Ru3(CO)12 
generates mononuclear (dicarbonyl)ruthenium species, which decarbonylate only above 250 °C 
[45]. Similar results are reported for Fe(CO)5, which generates the thermally robust anionic 
cluster [HFe3(CO)11]
-
 on basic oxides [46, 47]. 
According to the catalysis literature, the reaction pathway of metal-carbonyl precursors 
such as Cr(CO)6, W(CO)6, Co2(CO)8, and Re2(CO)10 depends strongly on the degree of 
hydroxylation of the oxide surface and on the acid-base character of the oxide [24]. The 
temperature at which these precursors completely decarbonylate is lower on acidic oxides than 
on basic oxides. 
The short nucleation delays on acidic oxides such as SiO2, RuO2, and TiO2, vs. the long 
nucleation delays on basic oxides such as MgO, must relate either to the Brønsted acidity of the 
surface OH groups, or the Lewis basicity of deprotonated surface hydroxyl groups.  We discuss 
this issue below.  
6.5.2 Selectivity by nucleation inhibition 
As shown in the Results section, ammonia co-flow inhibits nucleation and growth of 
films from metal carbonyls on acidic oxides. To understand this effect, we need to understand 
how ammonia, a strong Lewis base, interacts with oxide surfaces. Such interactions have been 
probed by adsorbing ammonia and then probing the adsorbed states by FTIR [30, 48-50], 
microcalorimetry [39, 51, 52], and thermally programmed desorption [39, 50] experiments. In 
addition, organic bases such as amines and ammonia poison the catalytic activity of acidic oxides 
[53-55].  
The adsorption energy of ammonia on hydroxylated SiO2 is ~ 0.43 eV, as determined in a 
study of SiO2 growth from SiCl4 and H2O [56]. In the present experiments, this value is too small 
to lead to any considerable steady state ammonia coverage; for example, at 200 °C and a 
pressure of 3.7 mTorr of ammonia, first order Langmuirian behavior suggests negligible surface 
coverage. However, the number of reactive sites may be only a small fraction of the total number 
of surface sites. In a study of Ru growth from Ru3(CO)12 on SiO2, the nucleation density as a 
function of temperature followed the same temperature dependence as the number of isolated 
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OH groups, but the density of nuclei (~ 10
11
 sites/cm
2
) was three orders of magnitude smaller 
than the hydroxyl density (~ 10
14
 sites/cm
2
) [57]. 
Indeed, adsorption energies on hydroxylated SiO2 are coverage-dependent [51]. The 
differential heat of ammonia adsorption, i.e., the slope of integral heat evolved during adsorption 
versus the adsorbed quantity, is a better measure of the energy of interaction of the adsorbate 
with the individual surface sites [51]. On hydroxylated SiO2 at near-zero coverage, the 
differential heat of ammonia adsorption is 0.8-0.9 eV and decreases with increasing ammonia 
coverage, indicating the presence of a heterogeneous distribution of surface sites, or lateral 
interactions between adsorbed species, or induced heterogeneity [58]. In our CVD experiments, 
if the precursor can react only at the surface sites with the highest adsorption energies, then the 
use of ammonia at mTorr pressures can effectively block them from reacting.   
All these data are consistent with our finding that at 150 °C an ammonia pressure of only 
1.5 mTorr is sufficient to inhibit nucleation from Mo(CO)6 precursor. At a higher growth 
temperature such as 225 °C, an ammonia pressure of 9 mTorr should be high enough to block 
reactive sites, if the only mechanism were inhibition of nucleation by ammonia bonding to 
surface OH groups. That nucleation happens under these conditions suggests that other reaction 
pathways exist, or that there is a large temperature induced increase in the number of isolated 
OH groups. 
The onset of nucleation and growth when ammonia flow is stopped is consistent with 
hydrogen bonding of ammonia to surface hydroxyl groups [59, 60]. The fact that the passivation 
of the surface is temporary (dynamic) does not pose an issue for CVD processes because a 
continuous co-flow of the inhibitor is acceptable. Furthermore, continuous co-flow affords 
control over the surface reactivity for long periods of time, as required for growth of thicker 
films on metal areas of the substrate.   
Finally, the result for pyridine suggests a process option: area-selective growth might be 
obtained by treating the substrate with an initial dose of an amine that is strongly binding to 
acidic oxide surfaces, rather than being injected continuously. This approach has two potential 
advantages: first, it might be applicable to ALD; second, the absence of the inhibitor during 
CVD might afford higher deposition rates on intended growth surface. Of course, this approach 
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must prevent nucleation on the oxide surface; if an initial dose is not sufficient, then periodic 
dosing could be used.   
6.5.3 Mechanism of ammonia inhibition of CVD growth from metal 
carbonyls 
One way in which added ammonia could prevent nucleation of metal from metal 
carbonyls is simply by blocking the most reactive surface adsorption sites.  Specifically, if the 
most acidic hydroxyl groups are the points of reaction of the metal carbonyl, then these sites may 
simply be deactivated by hydrogen bonding with ammonia.   
A second and possibly synergistic mechanistic explanation of the effect of ammonia is to 
disfavor the complete decarbonylation of metal carbonyl intermediates, thus preventing them 
from converting to metal nuclei. The results above do suggest that decarbonylation of metal 
carbonyl precursors under CVD conditions is facile on acidic oxides, whereas basic oxide 
surfaces promote the formation of stable carbonyl intermediates that are reluctant to further 
decarbonylate.  Specifically, on basic oxide surfaces, surface-bound metal carbonyl species such 
as Mo(CO)3 and [HRu3(CO)11]
-
 are formed; these species are electron rich (either owing to the 
high d-orbital energies of early transition metals or the shielding effects of a negative charge) 
and accordingly are characterized by strong metal-carbonyl pi backbonding.  This backbonding 
gets stronger as more carbonyl groups are lost.  There is thus a large barrier for complete 
decarbonylation, and metal nuclei are difficult to generate.   
In contrast, on acidic oxide surfaces, these electron rich species very likely become 
protonated.  As a result, the metal increases in oxidation state and becomes less electron rich; the 
backbonding is significantly decreased and loss of carbonyl groups is facilitated.  The effect of 
ammonia, in this view, is to reduce the acidity of acidic oxide surfaces by hydrogen bonding to 
the surface hydroxyl groups, and prevent protonation of the metal carbonyl intermediates.   
The effect of ammonia may therefore be twofold:  site blocking and decreasing the 
acidity of the oxide surface. The first of these effects disfavors adsorption of the metal carbonyl 
precursor in the first place, and the second prevents the total decarbonylation of surface carbonyl 
intermediates if they are formed.  Both effects involve the interaction of ammonia with reactive 
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(i.e., acidic) surface hydroxyl groups; the net outcome of adding ammonia is inhibition of 
nucleation and growth of metal from metal carbonyl precursors on acidic oxide surfaces.   
It may be possible to distinguish these two mechanisms.  If the mechanism involves site 
blocking, then ammonia should inhibit growth from many classes of precursors besides metal 
carbonyls. If the mechanism involves decreasing the acidity of the surface and preventing 
protonation of reactive intermediates, however, then ammonia should exert its largest effect on 
precursors in which protonation aids in conversion to nuclei.  Metal complexes with strongly pi 
accepting ligands (such as CO), and possibly metal complexes with anionic ligands (which could 
be protonated), would be inhibited by added ammonia, but other kinds of precursors may 
nucleate and grow equally well whether ammonia is present or not.  
Another distinction between the two mechanisms is that site blocking should prevent 
precursor from adsorbing to the surface, whereas the suppression of protonation would permit 
some (i.e., submonolayer) precursor adsorption. Our SIMS studies show that the precursor 
coverages in the presence of ammonia in all cases are less than 0.001, which is certainly 
consistent with site blocking as the main inhibition mechanism. But it may also be consistent 
with the protonation suppression mechanism, if adsorption of precursor occurs only at a small 
subset (i.e., the most reactive) surface sites.  
6.6 Conclusions 
Area selective CVD from metal-carbonyl precursors is reported. The CVD from metal-
carbonyl precursors on oxide substrates can be inhibited by the addition of ammonia (and similar 
effects are seen for pyridine). The effect is most pronounced on oxides with acidic hydroxyl 
groups, for which nucleation and growth is fast in the absence of ammonia at temperatures above 
130 ºC. Whereas decarbonylation of the precursor goes to completion on oxides with acidic 
hydroxyl groups in the absence of ammonia, basic hydroxyl groups stabilize sub-carbonyls and 
reaction is suppressed. Co-flow of a strong base molecule such as ammonia deactivates the 
acidic hydroxyl groups by hydrogen bonding to them. Perfectly selective growth is reported with 
no nucleation on SiO2, RuO2, TiO2, Al2O3, and MgO, whereas in all cases film grows with no 
delay on metallic substrates. This selective method also affords a means to fill deep structures, 
such as trenches and vias, bottom-up. 
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6.7 Figures 
 
 
Figure 6.1.  In-situ ellipsometry parameter delta, at a photon energy of 2.65 eV, vs. time for 
MoCx films growth using the Mo(CO)6 precursor at a pressure of 0.01 mTorr on the acidic 
oxides SiO2, TiO2, RuO2, and on the basic oxides Al2O3 (doped with TiO2) and MgO. Nucleation 
occurs after a short time on the acidic oxides, but has a long nucleation delay on the basic oxides. 
Inset: On the basic oxides, the lack of nucleation (i.e., the inherent selectivity) fails at longer 
times due to the onset of 'stray' nucleation. 
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Figure 6.2.  a) In-situ ellipsometry parameter delta, at a photon energy of 2.65 eV, vs. time for 
growth using the Mo(CO)6 precursor with a co-flow of ammonia at a pressure of 3.5 mTorr on 
SiO2 substrate.  b) Cross-sectional SEM image of MoCx film grown using precursor alone for 30 
min.  c) AFM scan (2 2 μm) of the SiO2 substrate after 0.5, 1, and 2 hours of exposure to the 
flow of precursor and ammonia as in part a). 
 
0 20 40 60 80 100 120 140
200
D
el
ta
Time (min)
Precursor alone
Precursor + ammonia
a)
b)
c)
SiO2 substrate 0.5 hr growth
1 hr growth 2 hr growth
SiO2 substrate
 96  
 
 
Figure 6.3.  In-situ ellipsometry parameter delta, at a photon energy of 2.65 eV, vs. time using 
the Mo(CO)6 precursor and a co-flow of 3.7 mTorr of ammonia.  No nucleation occurred on 
either the acidic and basic oxides, except on RuO2, which had a few nuclei / μm
2
; we attribute 
the latter to nucleation on 'dust' rather than to a fundamental process.    
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Figure 6.4. a) SEM image of patterned substrate with Ti on the left and SiO2 on right; b) Auger 
elemental map of Mo (red color); c) Auger elemental map of Si (green color).  Speckles are due 
to defects on surface dust.   
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Figure 6.5. SEM cross sectional images of vias which consist of oxide sidewalls and a Nb base: 
a) before growth (note the rough morphology of the Nb base); b) growth of MoCxNy under non-
selective conditions at 200 °C using 0.025 mTorr Mo(CO)6 (nucleation happens on Nb and SiO2 
surfaces); and c) growth of MoCxNy under selective conditions using 0.025 mTorr precursor and 
3.7 mTorr ammonia (nucleation happens only on the Nb base). 
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Figure 6.6. a) SEM micrograph of Fe grown on SiO2 substrate at 150 °C using Fe(CO)5 
precursor only.  AFM scans (2 2 μm) on SiO2 substrate: b) at 150 °C with a co-flow of 18 
mTorr ammonia; c) at 130 °C with a co-flow of 10 mTorr ammonia.   
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Figure 6.7.  AFM scans of Ru growth using the Ru3(CO)12 precursor on SiO2 substrate: a) at 
150 °C using precursor only; and b) at 150 °C with a co-flow of 10 mTorr ammonia.   
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6.8 Supplementary Information 
Table 6.1. TOF-SIMS data for ratio of metal counts from growth to metal count of substrate for 
selective growths from carbonyl precursor on basic oxides of MgO and Al2O3 and ammonia 
inhibited growths on SiO2.  
Film / 
substrate 
Metal / host 
count ratio 
MoCx / MgO 0.00001 
MoCx / Al2O3 0.001 
MoCxNy / SiO2 0.0008 
Fe / MgO 0.0004 
Fe / SiO2 0.001 
Ru / SiO2 0.0002 
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CHAPTER 7 
CONFORMAL GROWTH OF LOW FRICTION  
HFBXCY HARD COATINGS 
7.1 Abstract 
Thin films of HfBxCy are deposited in a cold wall CVD apparatus using Hf(BH4)4 
precursor and 3,3-Dimethyl-1-butene, (CH3)3CCH=CH2, as a controllable source of carbon, at 
substrate temperatures of 250-600°C. As-deposited films grown at 250°C are highly conformal 
(e.g., in a very deep trench, the step coverage is above 90% at a depth/width of 30:1), exhibit 
dense microstructure, and appear amorphous in X-ray diffraction.  Increasing the carbon content 
from 5 to 21 at. % decreases the hardness from 21 to 9 GPa and the elastic modulus from 207 to 
114 GPa. Films grown at 600°C with carbon contents of 28 and 35 at. % exhibit enhanced 
hardness of 25 and 23 GPa, and elastic modulus of 211 and 202 GPa, respectively. Annealing the 
300°C grown films at 700°C afford a nanocrystalline structure with improved mechanical 
properties. For films with the highest and lowest carbon contents, respectively: the coefficient of 
sliding friction is in the range of 0.05-0.08 and the H/E and H
3
/E
2
 ratios range from 0.08-0.11 
and 0.15-0.40. These values indicate that C-containing films should exhibit improved wear 
performance in tribological applications.  
7.2 Introduction 
Conformal coatings with high hardness, low wear rates and low coefficient of friction are 
desirable for applications such as machines with relative motion of parts[1] and tools with re-
entrant shapes[2]. Transition metal diborides and their C- or N-alloyed counterparts offer a 
combination of favorable tribo-mechanical properties, high chemical stability and thermal 
conductivity[3-10]. These films are deposited using a variety of techniques such as sputtering[6-
8], chemical vapor deposition[3, 11] and pulsed laser ablation[12, 13]. A significant challenge is 
that physical vapor deposition methods lack the ability to deposit a conformal coating.  
We previously reported the chemical vapor deposition (CVD) of stoichiometric, pure, 
and smooth HfB2 hard coatings at substrate temperatures ≥ 200°C using the halogen-free, single 
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source precursor Hf(BH4)4. We showed that the films are extremely conformal in very high 
aspect ratio features, and explained this effect using a model of surface-saturated growth rate in 
combination with precursor transport down the depth of the feature by molecular diffusion. [14, 
15] We also reported the growth of Hf-B-N films by directing plasma-generated atomic 
nitrogen[14] or molecular ammonia to the growth surface.[16]  
These materials have attractive properties for tribological applications. As-deposited 
HfB2 has a modulus of 340 GPa and nanoindentation hardness of 20 GPa; annealing at 700°C 
transforms the structure from amorphous to nanocrystalline and raises the hardness to 40 GPa. 
As-deposited Hf-B-N films have somewhat reduced elastic modulus (200 GPa) and hardness (16 
GPa), compared with HfB2, and they do not crystallize upon annealing. Varying the N content or 
growing multilayer (HfB2 / Hf-B-N) films provides a means to tailor the overall hardness and 
modulus.[14]    
The average coefficient of friction of as deposited and annealed HfB2 is 0.10 and 0.08, 
respectively, and increases to 0.18 and 0.14 after 50 passes. [17] Pin on disc experiments at high 
contact pressure, ~ 700 MPa, against AISI 440C martensitic steel showed high wear resistance of 
HfB2 films. All noticeable wear was localized on the steel side and as a highly sought-after 
tribological quality, HfB2 did not exhibit any measurable surface damage at all. [18] 
In this work, we alloy C into HfB2 in order to enhance the tribomechanical properties of 
the coating expressed through a reduced coefficient of sliding friction and enhanced 
nanoindentation hardness, while maintaining high wear resistance. This approach is inspired and 
motivated by two main materials engineering and tribology considerations: Firstly, aside from 
entirely carbon or carbon-based thin films and tribological coatings such as a-C (amorphous 
carbon), a-C:H (hydrogenated amorphous carbon), ta-C (tetrahedral amorphous carbon) and 
DLC (diamond-like carbon), introduction of elemental C into the surface of many metallic, 
ceramic and cermet thin film material systems has been shown to impart beneficial friction and 
wear properties in general[19]. Secondly, in the particular case of transition metal diborides, 
previous attempts to alloy C into TiB2 coatings produced very high (or super-) hardness and 
improved wear properties[7].  However, Ti-B-C is typically deposited using unbalanced DC 
magnetron co-sputtering[6, 7], a highly directional coating technique[20].   
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Using CVD, we report the growth of highly conformal, low friction and wear resistant 
HfBxCy films using a halogen free process at low substrate temperature. The highly conformal 
nature of the process is suitable for coating complex micro- or nano-mechanical devices, vias or 
the interfaces of miniaturized systems that have high aspect ratio components, as well as for 
coating traditional tribological surfaces or parts subject to lubrication-free wear conditions at 
elevated temperatures. 
In many CVD studies, methane (CH4) is used as the carbon source to deposit transition 
metal carbide or ternary films such as HfC[11, 21], TiC[22, 23], and TiBC[3]. However, 
methane does not crack easily, which necessitates growth temperatures > 800ºC [3, 23] or the 
use of plasma decomposition[5]. In addition, the majority of metal source precursors are 
halogenated molecules that also require high temperature in order to react. Here, we remove 
these restrictions by using non-halogenated molecules – the precursor Hf(BH4)4 in combination 
with the olefinic carbon source 3,3-Dimethyl-1-butene (DMB), (CH3)3CCH=CH2. These 
molecules have exceptionally high vapor pressures at room temperature, 15 and 417 Torr, 
respectively, react at temperatures as low as 200ºC, and have efficient chemical pathways to 
eliminate excess atoms from the ligand groups in the form of volatile byproducts.   
7.3 Experimental 
HfBxCy coatings are deposited in a cold wall, high vacuum CVD chamber reported 
elsewhere[15, 24]. Partial pressures of 0.10-0.20 mTorr for the Hf(BH4)4 precursor and 0.01-0.40 
mTorr for the DMB carbon source yield different compositions of HfBxCy films. The substrate 
temperature for planar substrates is either 300 or 600°C, and 250°C for macrotrench and 
microtrench samples.  Selected films are post-annealed in a tube furnace at 700ºC for 3 hours in 
Ar gas to induce crystallization.  
Si (100) is used as substrate material; it is cleaned in an ultrasonic bath for 10 min each in 
acetone and isopropyl alcohol, rinsed with DI water, then blown dry with nitrogen prior to 
loading in the chamber. The coating conformality under different growth conditions is measured 
using macrotrench substrates[25, 26], which consist of silicon slices, 1.2 cm wide, separated by a 
25 µm thick spacer on three sides. Gas transport within the macrotrench occurs in the molecular 
flow regime, as is the case within lithographically defined microtrench substrates, hence the 
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kinetics that lead to conformal coating are identical. (However, the actual thickness profile is a 
function of the aspect ratio because the bottom of the trench introduces a boundary condition, 
and because microtrenches may be subject to pinch off at the opening.) The macrotrench is 
disassembled after film growth; precise measurements of coating thickness, composition, 
roughness, etc., are made as a function of depth in the trench. The conformality results are 
further confirmed using microtrench samples of nm-sized features. 
Film microstructure and thickness are determined using cross-sectional scanning electron 
microscopy (SEM). Average growth rate is derived from the cross sectional SEM thickness of 
each film divided by the growth time.  Composition and bonding are determined using X-ray 
photoelectron spectroscopy (XPS; PHI 5400, pass energy of 35.75 eV). ω-2 X-ray diffraction 
(XRD) is used to measure the crystallinity. The adsorption of DMB and the onset of film growth 
are detected using in situ spectroscopic ellipsometry (SE) with photon energies in the range of 
0.75-5.0 eV. Rutherford Backscattering Spectrometry (RBS) is used to calculate the atomic 
density of hafnium atoms by dividing the areal density obtained from RBS, by the film thickness 
measured from cross-sectional SEM. 
The nanoindentation hardness and reduced modulus of the films are measured using a 
very sharp diamond indenter with tip radius of < 40 nm following the Oliver-Pharr procedure[27, 
28]. In each loading profile, multiple loading-partial unloading (PUL) cycles are employed with 
increasing loads up to a maximum of 1 mN[29]. Indentation measurements are performed on 
films in the thickness range 150-300 nm and the maximum penetration depth of the indenter is 
kept to less than 10% of the film thickness to avoid substrate effects. The elastic modulus of the 
film Er is calculated using the experimentally measured reduced modulus as follows: 
 
  
  
    
 
  
 
    
 
  
                              (7.1) 
Eq. 7.1 assumes isotropic linearly elastic mechanical behavior for the film and indenter 
tip, where Poisson’s ratios for diamond (νd) and film (νf) are taken as 0.07 and 0.25, respectively. 
The elastic modulus for the diamond tip (Ed) is 1141 GPa.   
Nanoscratch experiments are performed using a conospherical diamond tip of 1 μm 
radius. Constant normal loads of 100, 200, 350 and 500 μN are used at a constant scratch length 
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of 6 μm. For each film, the number of passes is continually incremented from 1 to 50 at constant 
0.64 μm/s lateral tip velocity by applying successive trace and retrace motions. The coefficient of 
sliding friction is determined as the ratio of the measured lateral force to the applied normal load 
during the scratch test.   
7.4 Results and discussion 
7.4.1 HfBxCy Film deposition  
A series of growth conditions is used to prepare HfBxCy films of different compositions, 
denoted as films A to F (5-35 at. % C) (Table 1). At a Hf(BH4)4 pressure of 0.20 mTorr, 
substrate temperature of 300°C, and DMB pressures of 0.01-0.2 mTorr, the film carbon content 
increases from 5-21 at.% with increasing DMB pressure. Growth ceases altogether at higher 
DMB pressures (discussed below), but at higher temperatures growth resumes and the films have 
carbon concentrations up to 35 at. %.   
7.4.2 Growth inhibition and conformal coating 
A coating will be highly conformal within a deep or complex structure, when the growth 
rate is kinetically limited by the reaction at the film surface. The introduction of a second 
molecular species can reduce the surface reactivity by competitive adsorption – which makes 
sites temporarily unavailable – or by strong chemisorption, which changes the chemical bonds 
available at the surface for reaction. Under these circumstances, the second species acts as a 
growth inhibitor[30-34]. Here, DMB not only adds carbon to the film, but also reduces the 
growth rate. In previous work, we determined that the HfB2 growth rate is not fully saturated[32] 
using the precursor alone under the above conditions of 0.20 mTorr at 300°C.  Adding DMB at 
pressures of 0.01-0.30 mTorr decreases the film growth rate by 17-91%, respectively; at a 
pressure of 0.40 mTorr the growth rate is zero (Figure 1). It is not possible to deduce the 
dominant atomic mechanism of DMB inhibition without the benefit of in-situ measurements of 
surface species, which is beyond the scope of this paper. However, SE provides evidence for a 
reduction in reactivity due to DMB absorption or reaction with the surface. (i) On a bare 
substrate, the incubation time for the onset of HfBxCy growth increases with DMB pressure. (ii) 
After growing a carbon-rich HfBxCy film, when the DMB flow is turned off, a nucleation delay 
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of 30 seconds occurs before HfB2 growth resumes using the precursor alone. Both of these 
observations indicate a strong reduction in reactivity due to DMB absorption or reaction with the 
surface. In the second experiment, if the nucleation delay is assumed to be dominated by the time 
required for thermal desorption of a blocking species at 250°C, then the activation barrier is 
roughly 1.4 eV.   
The decrease in growth rate (i.e., surface reaction rate) using DMB enhances the 
conformal step coverage of HfBxCy films. Microtrenches with aspect ratios of 0.5, 1, and 3.0 are 
uniformly coated using 0.2 mTorr partial pressure of each reactant at a temperature of 250°C 
(Figure 2). In panel c), filling is not quite complete – a “seam” of low density is left along the 
centerline. This is a consequence of the coating dynamics: as film builds up on the sidewalls, the 
remaining width diminishes, which increases the aspect ratio to very high values and decreases 
the gas transport rate by molecular diffusion[35]. We previously derived kinetic criteria that must 
be met to achieve seam-free filling[32, 36]. Despite the seam, the results of Figure 2 indicate that 
HfBxCy films can conformally coat structures with aspect ratios far greater than 3. 
To explore the conformal coverage of very deep structures, a macrotrench sample of 
aspect ratio ~ 400 is coated with HfBxCy (Figure 3). The coating thickness remains constant 
down to a depth/width ~ 30, then tapers slowly to zero at a depth/width ~ 160.  The initial flat 
portion – a constant growth rate – occurs even through the partial pressures of the precursor and 
DMB are decreasing due to reaction on the trench walls. This behavior, along with the conformal 
coating profiles of Figure 2, is evidence that the surface reaction rate is kinetically saturated, and 
remains so across a range of partial pressures; the growth rate starts to decrease only when the 
pressures fall below the values needed to maintain rate saturation. The tapering portion of the 
profile then results from the diffusion-reaction kinetics in this structure. Here, the aspect ratio of 
the trench is so large that the bottom boundary condition is zero gas pressure (zero coating rate). 
If instead this were a trench of aspect ratio < 160, then the bottom boundary condition 
would be a non-zero gas pressure with only a small gradient due to reaction (film growth) on the 
bottom surface.  Under these conditions, the gas depletion would be reduced throughout; this 
would both extend the depth of the plateau and reduce the slope of the profile to higher depths. It 
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is also possible to enhance the conformality by lowering the temperature or increasing the DMB 
pressure to further reduce the growth rate. 
At higher growth temperatures, the addition of DMB significantly improves the 
morphology of HfBxCy films. Growth of un-alloyed HfB2 on Si(100) at 600°C using 0.2 mTorr 
of Hf(BH4)4 results in a columnar film with considerable surface roughness (Figure 4, top). Such 
morphology is indicative of a relatively high reaction probability of arriving precursor species. 
We previously showed that for high temperature HfB2 growth, the desorption rate of surface 
species is high, the surface rate kinetics are far from saturation, and for this case, the effective 
sticking coefficient is ~ 0.04. However, when growth is repeated using 0.4 mTorr of DMB along 
with the precursor, the film is denser and somewhat smoother (Figure 4, bottom). This addition 
of DMB reduces the surface reaction rate: film growth occurs at 60 nm/min for HfB2 but only 26 
nm/min for HfBxCy. A possible mechanism is the deactivation of binding (reactive) sites by C 
termination.   
7.4.3 Microstructure, crystallinity and chemical composition of HfBxCy films 
All HfBxCy films grown at low temperatures exhibit a dense microstructure in SEM cross 
sectional micrographs, and there is no apparent dependence on C content (Figure 5). All films, 
including those grown at high temperature are XRD amorphous, whereas HfB2 films grown at 
temperatures > 400ºC are nanocrystalline[37]. HfBxCy films grown at low temperatures can be 
partly crystallized by annealing at 700ºC for 3 hours under Ar atmosphere (Figure 6). The peak 
positions are assigned to HfB2 and HfC phases for films A-D ( 5-21 at. % C). The peak widths 
are broad; Scherrer analysis indicates grain sizes in the nm regime.  Films grown at 600ºC and 
annealed at 700ºC remain amorphous; evidently the larger C content inhibits crystallization. We 
earlier reported that HfBxNy films do not crystallize when annealed to 700°C [14].   
Prior to XPS analysis, a brief sputtering (3 KV Ar
+
 beam) is performed to remove surface 
oxygen that results from the sample transfer through air. The atomic concentration of each 
element (Table 1) is calculated using the handbook of instrumental sensitivity factors. On the 
equilibrium ternary HfBxCy phase diagram, the film composition falls in a region bounded by the 
phases HfB2, HfC, and a-C. However, at low growth temperature the material is amorphous and 
kinetically far from equilibrium. Films are composed of mixed bonding states; due to the 
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proximity of the peak positions and overlaps, exact identification of bonding is not possible. For 
film D (21 at. % C) (Figure 7), the peak positions for Hf 4f at 14.4 and 16.1 eV are midway 
between the positions for HfCx[38] and HfB2[14] and no additional peak splitting or broadening 
is observed, which is consistent with mixed bonding on Hf sites and not with a phase segregated 
film. The B 1s peak at 187.4 eV is closest to the value reported for boron in B4C[39]. The C 1s 
peak at 282.2 eV matches the value for HfCx[38] or B4C[39]. These data rule out the presence of 
a large amount of carbon precipitates. Qualitatively similar binding energy values are observed 
for other films in this study, and there is no obvious trend with carbon content. 
7.4.4 Mechanical properties 
 The influence of carbon content is different for films grown at low temperature (300°C) 
versus high temperature (600°C). For films A to D, increasing carbon content from 5 to 21 at. % 
decreases the nanoindentation hardness from 21 ± 0.7 to 9 ± 0.7 GPa in the as deposited films 
(Figure 8, a); annealing increases the hardness, but the declining trend persists and 
nanoindentation hardness changes from 34 ± 1.8 to 17 ± 0.4 GPa, respectively (Figure 8, a). 
Annealed films have higher hardness due to higher density and higher degree of crystallinity, as 
evidenced by XRD; this is similar to our previous reports for HfB2 films[14]. Annealed HfBxCy 
films consist of a mixture of amorphous and crystalline phases; the latter presumably increase the 
hardness due to the presence of phase or grain boundaries and small crystalline domains within a 
matrix of amorphous material. The reduced moduli of these films decrease from 207 ± 13 to 114 
± 10 GPa and from 248 ± 8 to 157 ± 7 GPa for as deposited and annealed films, respectively 
(Figure 8, b). Similarly, taking into account the aforementioned reduced moduli, film elastic 
moduli calculated by virtue of Eq.1 decrease by 50 % from 237 ± 15 GPa to 119 ± 11 GPa for as 
deposited films with increasing carbon content, whereas for annealed films a similar drop from 
296 ± 10 GPa to 171 ± 8 GPa occurs with higher amounts of carbon. Interestingly, HfBxCy films 
with 28 and 35 at. % carbon contents grown at 600ºC have the highest hardness and elastic 
moduli, although they are not crystalline in either the as deposited or annealed states. This 
behavior is attributed to the higher density of high temperature grown films as evidenced by 
RBS. The hafnium atomic density of Film F (35 at. % C) grown at 600°C is 1.55x10
22
 at/cm
3
, 
versus 1.1x10
22
 at/cm
3
 for film C (15 at. % C) grown at 300°C. For the high temperature grown 
films, annealing decreases the hardness and elastic modulus; this may be due to defect recovery 
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as observed in the annealing of PVD deposited hard coatings[40]. Possibly, the hardness of high 
carbon content HfBxCy films grown at high temperatures is analogous to rapidly solidified 
metallic glasses that are characterized by an inherently high hardness and elastic modulus[41, 
42].  
It is well understood that the wear resistance of a coating depends not only on hardness, 
but also on the level of mismatch between elastic properties of the coating and substrate. In 
general, a more compliant elastic response (i.e., a lower value of the elastic modulus E) defines a 
coating’s ability to accommodate substrate strain, which increases its durability. Therefore, a 
high value of the H/E ratio is taken as an indication of a coating’s probable resistance against 
impact, abrasion, erosion and sliding wear[43, 44]. Another parameter, H
3
/E
2
, correlates well 
with the resistance of a film to the onset of plastic (permanent) deformation[43]. All HfBxCy 
films investigated in this work exhibit higher H/E (0.08 - 0.11) and H
3
/E
2
 ratios (0.15 - 0.40) 
compared to HfB2 films (0.06 and 0.06, respectively). Thus the HfBxCy films are predicted to 
exhibit a high resistance to tribological wear (Figure 9). 
In 1-pass nanoscratch experiments, the coefficient of friction (COF) of film C (15 at. % 
C) at a constant tip velocity of 0.32 μm/s is 0.10 - 0.14 for the as deposited and 0.11 - 0.12 for 
the annealed film across a load range of 100-500 µN corresponding to an initial Hertzian 
pressure range of 7.3 GPa – 14.9 GPa and stabilizes at these values at the highest loads examined 
(Figure 10). Similar data are observed for other films, with a slight decrease in the COF with 
increasing carbon content, as expected. At a constant load of 500 μN, the COF decreases with an 
increasing number of passes and stabilizes at a low value of 0.08 and 0.05 for film A (lowest 
carbon content, 5 at. % C) and F (highest carbon content, 35 at. % C), respectively (Figure 11). 
This behavior is in strong contrast to HfB2 films, which show a steady increase in the COF with 
increasing number of passes. Here, the decrease in the COF with increasing number of passes is 
attributed to the successive transfer of loosely connected carbon within either HfBxCy network 
(i.e., matrix) or isolated a-C domains from the scar surface onto the diamond nanoscratch probe, 
such that the dissimilar surfaces (i.e., the tip and its scratched film counter surface) experience 
higher graphitic carbon content during the scratch contact as compared to their original state. 
Other carbon containing hard thin films such as WC, TiC and DLC have also been shown to 
undergo contact load and shear deformation rate dependent graphitization when subjected to pin-
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on-disc experiments for tribological characterization[45, 46]. The governing microscopic 
mechanisms of this process in the particular case of HfBxCy thin films, conceivably also driven 
by high contact pressure and tribological sliding induced graphitization, is beyond the scope of 
this paper, but will be explored in detail in future experimental studies.    
7.5 Conclusions 
Thin films of HfBxCy with carbon contents of 5 - 35 at. % are deposited at temperatures 
of 250 - 600°C using a halogen free precursor, Hf(BH4)4, in combination with DMB as the 
carbon source.   As-grown films are XRD amorphous, but partially crystallize upon annealing at 
700ºC for 3 hours. The films contain a mixture of bonding environments similar to those in 
HfB2, HfC, and B4C. Increasing carbon content decreases the hardness and elastic modulus of 
low-temperature deposited films; however, HfBxCy films have higher H/E and H
3
/E
2
 ratios than 
for HfB2, which is predicted to improve the wear performance in tribological applications. The 
use of DMB retards the film growth rate and enhances the conformal coating of HfBxCy within 
deep trenches, including high aspect ratio structures. Nanoscratch tests indicate ultra-low 
coefficient of friction values, 0.05, at higher carbon content values. Together, these results 
indicate that HfBxCy coatings are highly suitable for tribological applications.    
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7.6  Figures and Table 
 
Table 7.1. Deposition conditions and composition for HfBxCy films A-F 
Sample C 
(at %) 
B 
(at %) 
Hf 
(at %) 
Tsub 
(°C) 
PHf(BH4)4 
(mTorr) 
PDMB 
(mTorr) 
Thick.  
(nm) 
A 5 62 33 300 0.2 0.01 200 
B 8 59 33 300 0.2 0.05 180 
C 15 49 36 300 0.2 0.13 180 
D  21 46 33 300 0.2 0.20 150 
E 28 38 34 600 0.2 0.20 200 
F 35 33 32 600 0.2 0.40 260 
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Figure 7.1. Growth rate data vs. DMB pressure for HfBxCy samples. 
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Figure 7.2. a-c)  SEM images of HfBxCy conformal coating on microtrenches of initial aspect 
ratios 0.5, 1, and 3, respectively.   
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Figure 7.3. Thickness profile in a macrotrench sample. Growth conditions: Tgrowth = 250°C,  
P Hf(BH4)4 = 0.2 mTorr, P DMB = 0.2 mTorr. 
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Figure 7.4.  Cross sectional SEM micrographs of (a) HfB2 and (b) HfBxCy grown at 600°C 
(sample F ) on Si(100). 
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Figure 7.5.  Cross sectional SEM micrographs of HfBxCy films A-F ( 5-35 at.% C) grown on 
Si(100).  The scale bar applies to all figures. 
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Figure 7.6.  XRD profiles of film A( 5 at.% C)  in the (a) as deposited and (b) annealed states on 
Si(100). 
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Figure 7.7.  XPS spectra of sample D (21 at.% C) for (a) Hf 4f (b) B 1s and (c) C 1s. 
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Figure 7.8.  Nanoindentation hardness (a) and reduced modulus (b) vs. carbon content for as 
deposited and annealed states of films A-F.  Those with carbon > 25 at. % (films E and F, 
diamonds and triangles) were grown at 600 C. 
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Figure 7.9. Comparison of H/E and H
3
/E
2
 ratios for HfB2 and HfBxCy films.  
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Figure 7.10.  Coefficient of friction for film C (15 at.% C) versus normal load for 1 pass at a 
sliding velocity of 0.32 μm/s. 
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Figure 7.11. Coefficient of friction versus number of passes at normal load of 500 μN and sliding 
velocity of 0.32 μm/s for films A (5 at.% C) and F (35 at.% C). 
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CHAPTER 8 
THERMAL ATOMIC LAYER ETCHING (ALE) OF COPPER BY 
SEQUENTIAL STEPS INVOLVING OXIDATION AND 
EXPOSURE TO HEXAFLUOROACETYLACETONE 
 
8.1 Abstract 
We describe a highly precise atomic layer etching (ALE) method for copper that does not attack 
dielectrics and involves cyclic exposure to an oxidant and hexafluoroacetylacetone (Hhfac) at 
275 °C. In this process, the surface is exposed sequentially to two chemical species that attack 
only the target metal, and the surface reactions are kinetically self-limiting to afford uniformity.  
Molecular oxygen, O2, which is a weak oxidant, forms Cu2O under our conditions, and leads to a 
non-uniform etch morphology. A stronger oxidant – ozone generated by a UV source – affords 
CuO, which reacts with (Hhfac) to afford uniform etching.   The etch depth can be controlled to 
nanometer precision and is uniform on reentrant surfaces and the sidewalls of deep features. 
Furthermore, the process does not etch or damage neighboring materials such as SiO2 or SiNx.   
8.2 Introduction 
Atomic layer etching (ALE) is a chemical process in which material is removed from a surface 
approximately one atomic layer at a time [1-4]; it is the functional opposite of atomic layer 
deposition (ALD).  Although for many years ALE was thought to be too slow to be practical as a 
fabrication step for the semiconductor industry, many features in current microelectronic devices 
are now routinely approaching a few nm in size, and thus are in the size regime where ALE 
becomes manufacturable. Furthermore, ALE is often more surface selective and leads to less 
damage than traditional plasma etch methods. As a result, ALE is currently being intensively 
investigated as a process step for the manufacture of fin field effect transistors (finFETs) and 
gate-all-around (GAA) architectures. Another important potential application of ALE is in the 
isolation of Cu lines by removal of Cu overburden during chemical mechanical planarization 
(CMP) without damaging the fragile low-k interlayer dielectric (ILD) in the final stages of CMP 
[1].    
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Here, we demonstrate an ALE process for etching copper, in which the metal surface is first 
oxidized and then the resulting oxide is removed in a separate step by exposure to the acidic 
chelating agent hexafluoroacetylacetone (Hhfac); this two-step cycle is then repeated. In each 
step the chemical species attack only the target metal, and the surface reactions are self-limiting; 
as a result, the process is highly surface selective and uniform everywhere. The chemical steps 
we employ are closely related to those that have previously been used to effect the continuous 
etching of copper [5-10], in which the surface is exposed simultaneously to the oxidant and 
acidic chelate. Our process differs from these previous studies in two ways: first, the exposure to 
the oxidant and chelating agent are sequential rather than simultaneous, thus affording much 
more precise control over the amount of copper that is etched. Second, our process is carried out 
at relatively low pressures of a few mTorr; in contrast, the previous continuous etch studies were 
conducted at relatively high pressures of 50 Torr and higher [10]. The lower pressures we 
employ also imply that our process is very atom-efficient; relatively little reagent is wasted.   
Hexafluoroacetylacetone (Hhfac) is an attractive reagent for the ALE of metals: it forms highly 
volatile metal complexes with many metals, including copper [11]. The etch products, Cu(hfac)2 
and H2O, are unreactive and simply exit the etch zone: the system contains no reducing agent for 
Cu(hfac)2 that would cause Cu re-deposition [12], and water does not oxidize copper. In 
addition, Hhfac does not etch SiO2 or SiNx [13]. An additional attribute of Hhfac is that it is 
unable to etch transition metals by itself because it is insufficiently oxidizing. As a result, the 
etch step results in the removal of copper oxide formed by oxidation, but not the underlying 
copper metal.   
An important requirement for ALE is that the process should be free of undesired reactions, such 
as ligand decomposition, that would interfere with etching or leave a deposit on the surface. It is 
known that Hhfac can decompose on copper above 200 °C, leaving CF3 and ketenylidene 
(=C=C=O) fragments on the surface [14]. However, in studies of the use of Hhfac to effect the 
continuous etching of copper, this process either does not occur or it occurs but does not interfere 
with the etching [5-9]. Similarly, another study reported that Hhfac decomposes on iron surfaces 
to generate surface-bound fragments containing carbon and fluorine, but that these products do 
not interfere with etching [15]. 
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The copper ALE method that we describe below has the following features: (i) the etch depth is 
controlled to nanometer precision and is uniform on reentrant surfaces and the sidewalls of deep 
features; (ii) it does not etch or damage neighboring materials such as SiO2 or SiNx; (iii) it uses 
thermal chemistry at a temperature < 300°C; (iv) the etched surface is clean and the reaction 
products desorbs without subsequent reaction or re-deposition; and (v) the net etching rate is 
high enough to be practical. We demonstrate copper etch rates of 0.08 nm up to 8.4 nm per cycle.   
8.3 Experimental  
The experiments are performed in a high vacuum chamber described elsewhere [16]. Substrates 
consisting of e-beam evaporated Ru (10 nm) / thermal SiO2 (300 nm) / Si are exposed to air 
before use, hence, the surface converts to native RuOx. The copper is deposited onto these 
substrates by CVD at 100 °C from the vinyltrimethylsilane (vtms) precursor, Cu(hfac)(vtms), by 
means of a carrier gas of 10 sccm of Ar and 1 mTorr of vtms; the latter was added to improve the 
smoothness of the deposited copper, as we have previously reported [17].  Control samples of e-
beam evaporated copper are also used for ex-situ oxidation experiments. All gas delivery lines 
are pointed towards substrate; thus, the fluxes impinging on the substrate are larger than the 
average partial pressures in the chamber. 
Etching is carried out in the chamber without breaking vacuum. Two procedures are used to 
oxidize the copper surface; A) oxidation with molecular oxygen (1-10 min), evacuation (1 min), 
exposure to H(hfac) (1-6 min), and evacuation (1 min);  and B) oxidation with ozone (generated 
ex-situ by a low pressure mercury lamp in air at room temperature) for 40 min, evacuation (1 
min), exposure to H(hfac) (1-6 min), and evacuation (1 min). The partial pressure of each 
reactant in the chamber was fixed in the range 1-7 mTorr and the substrate temperature was fixed 
in the range 150-275 °C, as noted below. As mentioned above, the etch product Cu(hfac)2 has a 
high vapor pressure (10 Torr at 100 °C) and is efficiently pumped away. 
Oxide formation and etching are monitored in situ by spectroscopic ellipsometry (SE); the 
thicknesses of the cuprous and cupric oxide layers formed by oxidation with molecular oxygen 
and ozone, respectively, are extracted from fits to a model based on standard multilayer optical 
theory, with literature values for the dielectric functions [18]; no surface roughness is assumed in 
the model. Film morphology is determined by cross sectional scanning electron microscopy 
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(SEM) and by atomic force microscopy (AFM). To corroborate the SE measurements, the areal 
density of copper after deposition or etching steps is measured by Rutherford backscattering 
spectroscopy (RBS). 
Film purity and composition are determined immediately after the oxidation or etching steps by 
ex situ X-ray photoelectron spectroscopy (XPS).  For Cu2O, the Cu LMM Auger line is used to 
distinguish this phase from metallic copper (the Cu 2p3/2 binding energy is very similar) [19, 20]. 
For CuO, the Cu 2p3/2 shake up lines are used to distinguish this oxide from Cu2O and Cu [20, 
21]. Samples are briefly exposed to air during transfer from the growth chamber to the XPS 
chamber. To confirm that air exposure does not oxidize the etched surface, control samples of 
freshly grown copper treated by means of the same transfer procedure show no observable 
signals due to oxide phases.   
8.4 Results and discussion 
8.4.1 ALE of copper by sequential exposure to molecular oxygen and Hhfac 
Exposure of a copper surface to 7 mTorr of molecular oxygen for 40 min at 275 °C gives a 
surface that, by XPS (Figure 1a), consists of copper in both the 0 and +1 oxidation states (BE = 
335 and 337 eV, respectively). This result is consistent with the oxidation of Cu to cuprous oxide 
[22]:   
 2 Cu + ½ O2 = Cu2O (2) 
Ellipsometry reveals that the cuprous oxide is an overlayer, and that the growth rate of this oxide 
layer slows with time (Figure 2). After 8 minutes of exposure to molecular oxygen, growth of the 
oxide has almost stopped and the overlayer has reached a thickness of 0.3 nm; this corresponds 
to consumption of 0.08 nm of copper metal, and somewhat less if the oxide layer is not fully 
dense.  
Exposure of the surface oxidized in this way to 7 mTorr of Hhfac for 3 min at 275 °C gives a 
surface that consists exclusively of copper in the metallic state (BE = 335 eV), indicating 
complete removal of the oxide (Figure 1b). This result is consistent with the following reaction: 
 Cu2O + 2 Hhfac = Cu(hfac)2 + Cu + H2O (3) 
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in which the cuprous oxide disproportionates in the presence of Hhfac to one equivalent of Cu 
(which remains on the surface) and one equivalent of Cu(hfac)2 (which desorbs and is swept 
away with the water co-product by the vacuum system) [5, 6]. 
To determine the etch rate, a 0.3 nm thick overlayer of cuprous oxide, grown by 8 min exposure 
of a copper surface to molecular oxygen at 275 °C, is exposed at this same temperature to 7 
mTorr Hhfac for varying lengths of time (Figure 3). The oxide etch rate is very nearly linear with 
time; the initially 0.3 nm thick oxide layer disappears after an Hhfac exposure time of 2 min, 
giving an average oxide removal rate of 0.15 nm/min of oxide.   
In the temperature and pressure range examined here, no etching of metallic copper occurs with 
Hhfac as judged from RBS data; this result shows that the etching reaction of Hhfac with copper 
oxide is completely selective to removal of copper oxide. In-situ ellipsometry data does not show 
any change when copper is exposed to 7 mTorr of Hhfac for 20 min. RBS confirms that film 
thickness is not changed from the value of 37 nm before etch experiment. This result agrees with 
other studies that report that Hhfac is unable to etch copper metal [5].  
As judged by SE, the amount of etch per cycle appears to decrease slightly with time: the oxide 
thickness decreases to 0.25 nm after 10 cycles of oxidation and etch. AFM measurements 
indicate that the rms surface roughness increases from 3.1 to 3.9 nm after 10 cycles of oxidation 
and etch. Several mechanisms may contribute to the roughness increase, and the present 
experiments are unable to distinguish between them. These include (i) Cu atoms released during 
etching of Cu2O may be mobile and aggregate; (ii) variations in the oxidation thickness due to 
different crystal orientation [23], surface defects and impurities, or due to preferential oxidation 
along grain boundaries [24]; or (iii) the onset of copper dewetting and agglomeration [25].   
When the copper film is thin (< 15 nm) (Figure 4a), a pronounced morphology change and 
dewetting occurs when the film is oxidized with oxygen and etched with Hhfac in several cycles 
(Figure 4b). It is well known that a copper film will tend to dewet when a pinhole exposes the 
substrate surface, and that this effect is stronger in the presence of adsorbed oxygen, e.g., on 
SiO2 [25], W(100) [26] and on Ta [27, 28] substrates. It is possible that a similar dewetting 
instability occurs for copper on air-exposed ruthenium. However, dewetting does not occur for 
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thicker films (Figure 4c); this is because, in the absence of pinholes, oxidation of the copper 
layer inhibits dewetting and agglomeration [25].  
8.4.2 ALE by sequential exposure to ozone and Hhfac  
In order to explore the effect of a stronger oxidant on oxidation and etching of copper, we 
investigated copper oxidation under ozone at room temperature. Exposure of a copper surface to 
ozone for 40 min at room temperature causes changes in the XPS spectrum consistent with 
oxidation to cupric oxide (CuO) by means of the following reaction:   
 Cu + ½ O2 = CuO  (4) 
15 nm of oxide overlayer is subsequently exposed to 4.5 mTorr of Hhfac at 210 °C which 
removes the cupric oxide at an initial rate of 7.5 nm/min; after 2 min of exposure, no oxide 
remains and 8.4 nm of copper has been removed.  Thus, the use of ozone as an oxidant affords a 
means to remove a larger thickness, if needed in a fabrication sequence. Cupric oxide is known 
to react with Hhfac to afford Cu(hfac)2 and water [5, 6]: 
 CuO + 2 Hhfac = Cu(hfac)2 + H2O  (5) 
Surface rms roughness changes from 1.2 nm before etch to 1.6 nm after etch. 
8.4.3 Kinetics of oxidation 
On single crystal copper surfaces, the oxidation from molecular oxygen follows an island 
nucleation and coalescence process; the rate is initially very fast, then becomes very slow when 
the islands of oxide coalesce. For example, oxidation of copper at 70 °C affords a cuprous oxide 
overlayer that reaches a limiting thickness of 4.5 nm [29-32]. The limiting thickness is largely 
determined by the island height, which is established before coalescence and depends on the 
crystallographic facet, unlike the self-limiting kinetics of metal oxide growth described below.  If 
facets on the copper surface develop different oxide thickness, then the etching will be non-
uniform. The oxidation kinetics is significantly slower at temperatures < 200 °C.  
A wide variety of other metals exhibit self-limiting oxide growth at low temperatures: the oxide 
growth rate is initially very rapid, then slows as the oxide reaches a limiting thickness of ~ 10 nm 
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[23, 33]. For insulators with no electronic conductivity, the classic theories of Cabrera and Mott 
explain this phenomenon in terms of the transport of charged defects across the oxide, which is 
ultimately limited by the development of an induced electric field; they predict an inverse 
logarithmic growth rate which is asymptotically self-limiting [34]. Of course, the kinetic 
coefficients depend on the metal oxide in question, the oxygen pressure and temperature, and the 
microstructure of the underlying metal. The growth rate is described by: 
 
 
          
where x is oxide thickness, t is time, and A and B are fit parameters, including information about 
electric field, formation energy of the diffusing ion, and energy barrier for diffusion across oxide 
[34].   
8.4.4 Other chelating agents  
Other chelating agents such as acetylacetone (Hacac), trifluoroacetic acid (Htfaa), 
dipivaloylmethane (Hdpm), and trimethylsily-hexafluoro-pentanedion SEE(hfac) (which 
produces hexamethyldisiloxane instead of H2O as a product) afford stable complexes with many 
metals [7, 35] and are thus candidates for ALE. However, the vapor pressure of Hhfac is higher 
than that of Hacac and Hdpm which is an advantage for delivery into the vacuum system [7]; 
Hhfac has a boiling point of 70 °C with a vapor pressure of 135 Torr at 25 °C, while the boiling 
point of Hacac is 140 °C with a vapor pressure of 6 Torr at 20 °C.   
8.5 Conclusions 
The above results describe a general approach for thermal atomic layer etching of copper by 
means of sequential steps of oxidation and oxide removal by an acidic chelating agent. At 275 
°C, we find that the oxidation of copper by molecular oxygen is very nearly self-limiting, and the 
resulting Cu2O overlayer reaches a final thickness of 0.3 nm. Higher etch rates and a more 
uniform morphology are achieved using ex-situ ozone source, which oxidizes the copper to CuO. 
The Hhfac reacts with the copper oxide but not with the underlying copper to form Cu(hfac)2, 
and this step is fully self-limiting. This process is perfectly selective for the etching of metals, so 
that nearby SiO2 or SiNx are not removed.  
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The present approach should be amenable to the ALE of other metals that form volatile 
complexes with hfac (Table 1), such as iron [15], chromium, [36, 37], nickel [38], cobalt, 
manganese [37], zinc, lead, vanadium [39]; there is cleaning literature for copper [5-10], and iron 
[15]; and the enthalpies of formation, where available, indicate exothermic reactions of Hhfac 
with the corresponding metal oxides [37, 40]. There are minor variations: the etch product for 
V2O5 is VO(hfac)2; and reaction with MnO2 to afford Mn(hfac)2 reduces the manganese 
oxidation state from +4 to +2.  The present approach may also be able to etch metal sulfides and 
nitrides to afford the corresponding metal chelate with H2S or NH3 byproduct, respectively.  
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8.6 Figures and Table 
 
 
Table 8.1.  Formation enthalpies of metal oxides and metal chelate etch products 
Metal Metal 
oxide 
Formation 
enthalpy 
(kJ/mol) 
Metal 
chelate  
Formation 
enthalpy 
(kJ/mol) 
Vapor  
pressure 
at  
150 °C 
(Torr)  
Net etch 
reaction 
enthalpy 
(kJ/mol) 
Ref. 
Cu 
Cu2O 
CuO 
-171 
-156 
Cu(hfac)2 -3101 
10 
(at 100 
°C) 
+13 
-2 
 
 
Fe 
FeO 
Fe2O3 
Fe3O4 
- 272 
- 826 
- 1121 
 
Fe(hfac)3 
 
- 5115 (s) 
 
25 
 
- 560 
(Fe2O3) 
[15] 
Ni NiO - 240 Ni(hfac)2. 
(2H2O) 
- 4003  * -336 
 
[36,37] 
Cr Cr2O3 - 1135 Cr(hfac)3 * 30 * [35,36] 
Pb PbO - 219  Pb(hfac)2 - 3192 * - 29 
 
[38] 
Zn ZnO - 351 Zn(hfac)2 * * * [38] 
V V2O5 - 1551 VO(hfac)2 * * * [38] 
Mn MnO2 - 524 Mn(hfac)2. 
(2H2O) 
- 4163 * -454 [36] 
Co CoO - 238 Co(hfac)2. 
(2H2O) 
- 4009 9 -344 
 
[36] 
Hhfac  -1593   
H2O  -242   
* = not reported 
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a) 
 
b) 
Figure 8.1.  XPS spectra of copper surface after a) oxidation in molecular oxygen; b) etching 
with H(hfac). 
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Figure 8.2. Oxide thickness vs. time, using 7 mTorr of O2 at 275 °C 
   
 
 
 
 
 
 
 
 
 
Figure 8.3. Etch thickness vs. Hhfac exposure time 
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Figure 8.4.  Cross-sectional SEM images of: a) thick copper film as grown and b) after O2 
oxidation and etch; c) thin copper film as grown and d) after O2 oxidation and etch, where 
dewetting has occurred. 
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CHAPTER 9 
CONCLUSIONS, PRELIMINARY RESULTS AND 
SUGGESTIONS FOR FUTURE WORK 
 
9.1 Conclusions 
9.1.1 Chapter 2: Low temperature CVD of superconducting vanadium nitride thin films: 
The role of autocatalytic surface reactions 
We report CVD of vanadium nitride at temperatures of 150-300 °C, with a 
superconducting critical temperature of 7.6 K obtained at 300 °C. The proposed mechanism for 
vanadium nitride growth is based on the ability of the vanadium nitride surface to dissociate 
ammonia. The resulting high surface coverage of NHx groups drives successive transamination / 
elimination reactions which remove dimethylamido ligands from precursor in the form of 
volatile dimethylamine byproduct. At growth temperature of 150 °C, pre-dissociation of 
ammonia in a remote plasma provides the NHx groups required for transamination and films of 
low resistivity are achieved. 
9.1.2 Chapter 3: Low temperature chemical vapor deposition of superconducting 
molybdenum carbonitride thin films 
Low temperature CVD is used to deposit thin films of molybdenum carbo-nitride from 
Mo(CO)6 and NH3 in the temperature range 150 - 300 °C. Film compositions of MoC0.48N0.2 to 
MoC0.36N0.33 are achieved by increasing ammonia pressure from 0.3 to 3.3 mTorr at a constant 
precursor pressure of 0.01 mTorr and substrate temperature of 200 °C. At a constant Mo(CO)6 
pressure of 0.01 mTorr and NH3 pressure of 2 mTorr, the composition is ~ MoC0.5N0.3 from 150 
to 200 °C, MoC0.32N0.27 at 250 °C, and MoC0.12N0.40 at 300 °C.  Films are highly conformal in 
trenches of aspect ratio 6:1, and are composed of nanocrystalline grains of one or mixture of 
cubic Mo2C and Mo2N phases. Superconducting critical temperatures of 4.7, 4.5, and 5.2 K are 
reported for films grown at 150, 200, and 250 °C, respectively. 
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9.1.3 Chapter 4: Chemical Vapor Deposition of MnxNy Films from Bis(2,2,6,6-
tetramethylpiperidido)manganese(II) and Ammonia 
High quality MnxNy thin films have been deposited from a novel precursor, Mn(tmp)2, 
and ammonia at 50-350 °C. The films have a Mn/N ratio of 2.3:1-2.5:1, independent of the 
precursor and ammonia pressures used, i.e., the processing window for the growth of nitride 
films is very wide. The MnxNy films are very smooth, with rms surface roughnesses of 0.4-0.7 
nm for films grown under a variety of conditions. The films are mostly X-ray amorphous, 
although some broad peaks due to a crystalline η-phase Mn3N2 phase can be seen for films 
grown above 150 °C.  Preliminary measurements indicate that the MnxNy thin films perform well 
as copper diffusion barriers.   
9.1.4 Chapter 5: Surface-Selective Chemical Vapor Deposition of Copper Films through 
the Use of a Molecular Inhibitor 
Near-perfect selective chemical vapor deposition of Cu from Cu(hfac)VTMS is obtained 
by adding a co-flow of the growth inhibitor VTMS: Cu deposition occurs on air-exposed Ru but 
not on thermal SiO2 or on CDO. With respect to Cu growth using the precursor alone, the use of 
VTMS decreases the deposited thickness of Cu film by a factor of 4 on RuO2 but by a factor of 
30–400 on SiO2 or CDO. Selectivity on oxide surfaces is explained by the rate of associative 
desorption of Cu(hfac)VTMS (which is enhanced by adding VTMS) relative to the rate of 
Cu(hfac) disproportionation. On nonconductive surfaces the latter reaction is relatively slow, and 
addition of VTMS greatly forestalls Cu nucleation; by contrast, on conductive surfaces the 
disproportionation rate is fast and growth persists. 
9.1.5 Chapter 6: Area selective CVD of metallic films from molybdenum, iron, and 
ruthenium carbonyl precursors: Use of ammonia to inhibit nucleation on oxide surfaces  
Area selective CVD from metal-carbonyl precursors is reported. The CVD from metal-
carbonyl precursors on oxide substrates can be inhibited by the addition of ammonia (and similar 
effects are seen for pyridine). The effect is most pronounced on oxides with acidic hydroxyl 
groups, for which nucleation and growth is fast in the absence of ammonia at temperatures above 
130 ºC. Whereas decarbonylation of the precursor goes to completion on oxides with acidic 
hydroxyl groups in the absence of ammonia, basic hydroxyl groups stabilize sub-carbonyls and 
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reaction is suppressed. Co-flow of a strong base molecule such as ammonia deactivates the 
acidic hydroxyl groups by hydrogen bonding to them. Perfectly selective growth is reported with 
no nucleation on SiO2, RuO2, TiO2, Al2O3, and MgO, whereas in all cases film grows with no 
delay on metallic substrates. This selective method also affords a means to fill deep structures, 
such as trenches and vias, bottom-up. 
9.1.6 Chapter 7: Conformal growth of low friction HfBxCy hard coatings 
Thin films of HfBxCy with carbon contents of 5–35 at.% are deposited at temperatures of 
250–600 °C using a halogen free precursor, Hf(BH4)4, in combination with DMB as the carbon 
source. As-grown films are XRD amorphous, but partially crystallize upon annealing at 700 °C 
for 3 h. The films contain a mixture of bonding environments similar to those in HfB2, HfC, and 
B4C. Increasing carbon content decreases the hardness and elastic modulus of low-temperature 
deposited films; however, HfBxCy films have higher H/E and H
3
/E
2
 ratios than for HfB2, which 
is predicted to improve the wear performance in tribological applications. The use of DMB 
retards the film growth rate and enhances the conformal coating of HfBxCy within deep trenches, 
including high aspect ratio structures. Nanoscratch tests indicate ultra-low coefficient of friction 
values, 0.05, at higher carbon content values. Together, these results indicate that HfBxCy 
coatings are highly suitable for tribological applications. 
9.1.7 Chapter 8: Thermal atomic layer etching (ALE) of copper by sequential steps 
involving oxidation and exposure to hexafluoroacetylacetone 
We showed a general approach for thermal atomic layer etching of copper by means of 
sequential steps of oxidation and oxide removal by an acidic chelating agent. One important 
requirement is that the oxidation step must create a spatially uniform oxide thickness in the range 
of Å to nm that does not depend on underlying microstructural features such as crystallographic 
orientation, grain boundaries or extended defects. It must also convert the copper to an oxidation 
state suitable for reaction with the chelating agent. At 275 °C, we find that the oxidation of 
copper by molecular oxygen is very nearly self-limiting, and the resulting Cu2O overlayer 
reaches a final thickness of 0.3 nm. The Hhfac reacts with the copper oxide but not with the 
underlying copper to form Cu(hfac)2, and this step is fully self-limiting. This process is selective 
for the etching of metals, so that nearby SiO2 or SiNx are not removed. Higher etch rates and a 
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more uniform morphology are achieved using ex-situ ozone source, which oxidizes the copper to 
CuO.  
9.2 Preliminary results and suggestions for future work 
9.2.1 Growth of plasmonic aluminum nanocrystals using trimethylamine alane 
Metallic nanostructures can support Localized Surface Plasmon Resonances (LSPRs) due 
to coherent and collective oscillations of the surface conduction electrons. When excited at an 
adequate photon energy, LSPRs induce an enhanced and locally confined electromagnetic field 
in the vicinity of the metallic nanostructures, causing intense light absorption and scattering [1].  
Hence, LSPR is used in different applications [2] such as Surface Enhanced Raman Scattering 
(SERS) [3], metal enhanced fluorescence, photocatalysis [4], and biosensors [5, 6]. Gold and 
silver nanostructures are studied extensively for their plasmonic resonances in the near IR and 
visible ranges of the electromagnetic spectrum and processes capable of precise shape and size 
control have been developed for these metals [7, 8]. However, intrinsic limitations of gold and 
silver and their high cost hinder development of nanoplasmonics in the UV range, which are of 
great interest in numerous areas like ultrasensitive chemical sensing and photocatalysis [9]. 
To address this limitation, aluminum plasmonics is emerging as a low cost material with 
superior behavior due to its higher plasma frequency, which allows significant surface plasmon 
effects to occur in the UV region [10-13]. Moreover, formation of a self-limiting oxide layer 
protects the metal surface from continuous oxidation or contamination, in contrast to the 
tarnishing of silver nanostructures which limits their long term stability [14].  
In addition to the intrinsic properties of aluminum, the performance of LSPRs depends on 
the geometry of the structure and refractive index of the surrounding environment [15, 16]. 
Aluminum nanostructures are mainly fabricated using lithography techniques [11]. While being 
very precise in producing well-shaped structures, this approach is expensive and limited to 
patterning small areas. Self-assembling approaches such as thin film evaporation followed by 
thermally induced dewetting can produce mostly spherical nanostructures on bigger substrates, 
but lack precise size and shape control [17]. In colloidal chemistry, salt reduction of gold and 
silver are well-established methods for fabrication of nanostructures; however, chemical 
synthesis of aluminum is not straightforward due to complications in the reduction of aluminum 
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salts. Catalytic decomposition of the aluminum hydride and halide is reported, but by-product 
separation and size and shape control have proven to be problematic [18-21]. 
A very practical, but not well investigated, method for the fabrication of plasmonic 
nanostructures is Chemical Vapor Deposition (CVD). CVD of aluminum films as an 
interconnect material in microelectronics has been reported using several precursors. In order to 
grow pure aluminum films with no carbon contamination, precursors were designed in which the 
Lewis-acidic Al-H (alane) was coordinated to a Lewis-base amine for a strong donor-acceptor 
complex [22-26]. This group of precursors, including trimethylamine alane, triethylamine alane, 
and diethylmethylamine alane were used successfully to grow Al films. Different preferred 
orientations can result from different substrate orientations and processing conditions, including 
the precursor used [27]. However, due to sparse nucleation on Si and SiO2, substrate surface 
treatment is often necessary to increase the nucleation density when a continuous thin film is 
required [28]. 
I have examined the possibility of CVD growth of aluminum nanocrystals (NC) with a 
nearly uniform size distribution for plasmonic applications.  We began with the above concepts, 
the orientation of the aluminum NC and sparse nucleation; we then added the use of a growth 
inhibitor to greatly improve the result. Our group has previously shown that co-flow of a 
molecular inhibitor during CVD can change film nucleation and growth kinetics, without 
interfering with the purity of the deposit [29-31]. By carefully selecting the inhibitor as an 
additional control parameter, a very practical method for the fabrication of aluminum plasmonic 
nanostructures with suitable shape and size distribution can be achieved.  
An attractive precursor for proof of concept experiments is trimethylamine alane, 
AlH3.N(CH3)3, because it has a room temperature vapor pressure of 1-2 Torr and long term 
stability when stored at -20 °C [23]. Films are deposited on 300 nm thermal SiO2/Si substrates in 
the high vacuum system described previously [32].  
We selected VTMS as an inhibitor because it is a neutral base and can potentially adsorb 
strongly on reactive sites and affect nucleation and growth. It also does not decompose in the 
temperature range examined and hence does not incorporate impurities to the NCs. In 
preliminary experiments using 0.01 mTorr precursor at a growth temperature of 150 °C in the 
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presence of 4 mTorr VTMS, octahedral crystals of diameter ~ 100 nm are deposited (Figure 1). 
Dark field scattering spectra of single Al nanocrystals grown on glass substrate match well with 
literature reports for Localized Surface Plasmon Resonances (LSPRs) at 560 nm (Figure 2) [11, 
14]. The size distribution of these NC has a maximum around 50-100 nm in a unimodal 
distribution (Figure 3). High-resolution XPS spectra indicate oxide formation on surface, which 
is removed by a few minutes of Ar
+
 sputtering (Figure 4).  
More experiments are required to examine the effect of temperature, substrate, and the 
choice of inhibitor on the size and shape control of nanocrystals. Potential inhibitors are amines 
such as methylamine, dimethylamine, trimethylamine, and pyridine with different steric bulk and 
adsorption energies, which can affect crystal size and NC distribution. Another consideration is 
that any composition change upon addition of the inhibitor will affect (degrade) the optical 
response of nanocrystals, so inhibitors such as ammonia which can form nitrides are not suitable 
for this purpose [33, 34].  
It is known that the rate-limiting step in thermal decomposition of TMAA is Al-N bond 
breaking. The reaction follows a sequence of steps as follows [22]: 
AlH3.TMA  (AlH3.TMA)ads 
(AlH3.TMA)ads  (AlH3)ads+ (TMA)ads 
(AlH3)ads  (Al)m + 3(H)ads 
(TMA)ads  (TMA)g 
3(H)ads  3/2 (H2)g 
The rate-limiting step is the second reaction in which the Al-N bond breaks; this step is 
reversible, so it is expected that addition of sufficient amount of TMA moves the equilibrium to 
the left and reduces the nucleation and growth rate. TMA also has a high adsorption energy of 
0.7-0.8 eV on clean aluminum surface [22]; therefore it can also site-block reactive sites and 
decrease the reaction rate.   
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9.2.2 Hard coatings based on HfB2 alloyed with Al 
In Chapter 7, I showed alloying HfB2 thin films with carbon reduces the coefficient of 
sliding friction while maintaining relatively hard hardness and elastic modulus. Another 
important aspect of film properties is oxidation resistance under high temperature operation in 
oxidizing environments. Alloying HfB2 films with aluminum is a potential means to enhance 
oxidation resistance since aluminum is expected to form a protective oxide that protects the bulk 
of the film, analogous to the alloying of TiN to form oxidation-resistant TiAlxNy [35-37]. 
Alloying elements can also impede crystallization and grain growth, which should increase the 
maximum working temperature. For amorphous refractory alloys, thermal cycling ostensibly 
does not change the microstructure or the mechanical properties up to the crystallization 
temperature, (Here we do not consider films grown by PVD under ion irradiation, for which 
point defect diffusion and stress relaxation can occur.) and in many cases, amorphous films have 
better oxidation resistance due to the absence of grain boundary diffusion pathways [38].  
 In preliminary experiments, I deposited films by CVD using Hf(BH4)4 and 
trimethylamine alane (TMAA) at pressures of 0.2 mTorr and 0.05 mTorr, respectively, at a 
substrate temperature of 250 °C. XPS analysis shows a composition of 40 at. % aluminum, 12 
at.% Hf, 30 at. % B, and 15 at. % C.  After oxidation in pure oxygen at 800 °C for 1 hour, the 
surface is covered with a layer of AlOx that contains < 1 at. % each hafnium, boron or carbon. 
Cross sectional TEM images show surface oxide that is ~ 60 nm thick; crystalline grains exist 
both in the bulk and in the oxide, which has hexagonal features indicating nucleation and growth 
of the α-phase of aluminum polymorphs in the oxidation step (Figure 5).  The latter is highly 
desirable in terms of oxide performance, but is normally not observed at temperatures below 
1000°C; hence, the present result merits close investigation.  
Our working hypothesis is that for large Al content, the bulk forms (Hf,Al)B2 grains and 
rejects excess Al which is available to diffuse through grain boundaries and form a surface AlOx 
layer.  It is also possible that excess boron evaporates as B2O3 or as boric acid. At present, we do 
not know the microscopic location of the carbon in the bulk. The presence of excess Al in grain 
boundaries might influence mechanical properties via inter-grain sliding, as well as grain growth 
kinetics at high temperature. Further experiments should investigate the oxidation kinetics, the 
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high temperature mechanical properties, and the resistance of the film to oxidation under high 
temperature tribological conditions. 
9.2.3 Atomic Layer Etching of metals 
In Chapter 8, I demonstrated the atomic layer etching of copper using a sequence of 
oxidation by oxygen or ozone and etching by H(hfac); and I noted that copper is a challenging 
system due to the increase in surface roughness upon etching, and the dewetting of copper from 
the substrate around pinholes in the copper film. But many other metals might be etched using 
the same approach. For most metals of interest the oxidation kinetics are well known, and at low 
temperatures exhibit an almost self-limiting thickness [39-41]. Thermodynamic calculations 
show that the reaction of the metal oxides with H(hfac) is strongly exothermic. A complete list of 
these systems is given in Table 1 of Chapter 8. Future work should explore the atomic layer 
etching of other metals; due to a lower rate of surface diffusion on the bare metal, the surface 
morphology is likely to be more stable than that of copper.   
9.2.4 Selective growth of metals  
The use of basic molecular inhibitors such as NH3 to afford selective growth can be 
extended to the use of other precursors, inhibitor molecules, and potentially to other dielectric 
substrates, if they are terminated with hydroxyl groups, as is the case for silicon nitride [42]. 
Among carbonyl-based precursors, I tested Mo(CO)6, Fe(CO)5, and Ru3(CO)12 on thermal SiO2, 
TiO2, and RuO2, and found no nucleation within the experimental times of 20-120 min.  (On 
RuO2, there were a few nuclei per square µm, which we attribute to the possible presence of 
'dust'.) Other basic inhibitors such as amines and CO can also result in selective growth. 
A further extension would be to use basic inhibitors with precursors based on other ligand 
groups. For example, for the metal-allyl precursor Rh(η3-C3H5)3, the first step in precursor 
adsorption is the formation of a mono-allyl intermediate, which is known to be fast on an acidic 
oxide substrate [43]. We expect that if the surface were modified by using an inhibitor, then the 
reduced rate of precursor adsorption might greatly delay or eliminate the nucleation process.  If 
successful, then the selective growth approach would then be available for a wider selection of 
precursor / substrate combinations.  
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9.2.5 Growth of mixed-metal nitrides taking advantage of surface catalysis 
In Chapter 2, we showed that catalytic decomposition of NH3 on the vanadium nitride 
surface affords the growth of high quality VN films at low temperatures because the NHx groups 
drive the transamination of the dialkylamide precursor to completion. We also showed that 
titanium nitride growth from the analogous precursors is limited by a low rate of ammonia 
decomposition, hence insufficient transamination, which results in carbon contamination and 
high electrical resistivity [44, 45]. I performed preliminary experiments in which TixVyN films 
were deposited using a variable ratio of the Ti and V dialkylamide precursors, with NH3 as a co-
reactant at substrate temperature of 250 °C. The hypothesis was that NH3 dissociation on VN-
like surface sites might provide NHx groups to transaminate the Ti precursor. If this effect were 
kinetically rapid, then a modest fraction of V would potentially be sufficient to afford high 
quality films that are predominantly TiN.  
The results (Figure 6) indicate improved film properties with increasing V fraction; 
although the rate of improvement is somewhat faster than would be the case for a simple 
Vegard’s law interpolation between TiN and VN films, especially at a VN concentration around 
40 at. %, the data do not directly support the hypothesis. However, this was only preliminary 
work.  It is possible that the use of higher ammonia pressures might promote improved film 
properties.  One concern is that the electronic properties of the surface are predicted to vary with 
the Ti/V ratio [46], such that the rate of catalytic NH3 cracking may be suppressed on the mixed 
surface compared with the pure VN surface.   
9.2.6 In-situ FTIR study of CVD reactions  
The results in this thesis have been interpreted in terms of competitive adsorption and 
reaction processes on the CVD growth surface. Relevant data from the surface science and 
catalysis literatures provide strong support for this interpretation. However, rate processes on the 
CVD surface may differ from the latter studies because a different mix of adsorbates is present, 
and because constant film deposition continually removes and makes available surface sites.   
Fourier transform IR spectroscopy (FTIR) can detect reaction intermediates using 
reflection mode at a glancing angle with a suitable metallic or multilayer dielectric substrate. Our 
group has considerable prior experience with this technique [47, 48]. Data acquisition times can 
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be as short as a few 10s of seconds; if the CVD process under study is in steady-state, or is 
changing slowly on this time scale, then FTIR data can be considered real time.   
To launch FTIR studies, I constructed, in close collaboration with Dr. Shaista Babar, a 
compact CVD system. The small size of the vacuum chamber, 8” in diameter, allowed us to 
optimize the optical geometry, including (i) short beam paths between source, substrate and 
detector; (ii) a minimum number of mirrors in the beam path; and (iii) well-purged beam paths 
outside the IR windows to avoid water and CO2 absorption lines. The chamber is turbopumped 
with a base pressure of ~ 10
-7
 Torr. Precursor lines are pointed towards the substrate at a few 
degrees off normal, which can be modified by extension of the dosing tubes. The substrate is 
heated by two cartridge heaters; the temperature is measured by a K-type thermocouple attached 
to the sample holder fork close to the heater. 
Initial investigations were performed concerning copper CVD from the Cu(hfac)VTMS 
precursor. Our group previously reported that steady state growth rate of copper from 
Cu(hfac)VTMS decreases, asymptotically to a non-zero value, by adding excess VTMS during 
growth [30, 31]. The proposed mechanisms by which the inhibitor decreases the growth rate are 
blocking reactive sites on surface or associatively desorbing Cu(hfac) precursor fragments from 
the surface. It is important to note that surface coverage of inhibitor obtained from FTIR can 
potentially distinguish these two mechanisms: site blocking requires a high coverage of inhibitor 
while associative desorption does not. We also showed that co-flowing excess VTMS with the 
precursor during nucleation and growth results in selective film deposition on metals vs. 
dielectric substrates [31].  
Experiments were performed under identical pressure and temperature conditions as 
previous work to study the surface coverage of precursor fragments and inhibitor. The substrate 
was 300 nm thermal SiO2 / Si at 100°C; each FTIR spectrum was collected for 1000 scans with a 
resolution of 4 cm
-1
. The overall results were as follows. (i) At high VTMS inhibitor pressure (30 
mTorr) in the absence of film growth (room temperature substrate), the spectra (Figure 7) match 
literature reports for gas phase absorption [49]. (ii) At lower working pressures, the gas phase 
absorption signal is significant with respect to the estimated surface signal, e.g., at 3 mTorr the 
gas phase is a ~ 30 % contribution. (iii) After pumping VTMS out, no surface adsorption signal 
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was detected. (iv) After pumping the precursor from the chamber, precursor absorption was still 
detected; we attribute this to adsorption on substrate and the KBr windows of the chamber.    
To overcome these issues, we proposed that an IR polarizer be added to the beam path 
and that a metallic substrate be used. A crucial property of a metallic substrate is that the signal 
from surface adsorbates is zero in s-polarization due the phase shift by π of the reflected beam, 
whereas the signal in p-polarization is enhanced due to vector addition of the incoming and 
outgoing wave amplitudes. However, absorption in the gas phase and on windows has no 
polarization dependence. Thus, subtraction of the signals (the ratio of the logarithms) removes 
the unpolarized signal and leaves only the surface contribution.  This can be implemented using a 
rotating (motorized) polarizer that is synchronized with the interferometer in the source; or more 
simply, using a stationary polarizer that is rotated between s- and p- orientations in subsequent 
measurements, which assumes that the experimental system is very stable. Another method to 
limit gas phase signal with respect to surface data is to use an effusive doser to introduce 
precursor right above the substrate, such that the flux to the surface is large but the total chamber 
pressure – and thus the number of molecules in the beam path – remains low. 
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9.3 Figures 
 
 
 
 
Figure 9.1. Top view SEM image of aluminum nanocrystals grown on thermal SiO2 at substrate 
temperature of 150 °C, using 0.01 mTorr precursor and 4 mTorr VTMS inhibitor. 
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Figure 9.2. Dark-field scattering spectroscopy of single aluminum nanocrystals. Each spectra 
shows scattering of a single nanocrystal.  
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Figure 9.3. Particle size distribution of aluminum nanocrystals grown at 150 °C using a) 0.01 
mTorr precursor and 4 mTorr VTMS, and b) using 0.01 mTorr precursor only. 
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Figure 9.4. High resolution Al 2p spectra for Al nanocrystals a) as grown b) after 3 min of Ar
+
 
sputtering. 
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Figure 9.5. Cross-sectional TEM of Al alloyed HfB2 sample after oxidation in oxygen at 800 °C 
for 1 hour:  a) overview showing substrate, alloy film, oxide layer, and Pt overcoat from the 
sample preparation; b) crystalline grains of alloy film (arrows); and c) crystalline grains of oxide 
layer (arrows). 
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Figure 9.6. Room-temperature 4-point probe resistivity of Ti-V-N films grown at 250 °C with 
varying concentration of VN. 
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Figure 9.7. Gas phase FTIR spectra of VTMS at 30 mTorr pressure. Peak assignments are 
indicated by arrows. 
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